
UCLA
UCLA Electronic Theses and Dissertations

Title
Investigations of Point Defect Properties and Dislocation Mechanisms in the Equiatomic 
Nb-Mo-Ta-W Refractory Alloy by Computational Modeling and Simulations

Permalink
https://escholarship.org/uc/item/8kd8x3mp

Author
Zhou, Xinran

Publication Date
2024
 
Peer reviewed|Thesis/dissertation

eScholarship.org Powered by the California Digital Library
University of California

https://escholarship.org/uc/item/8kd8x3mp
https://escholarship.org
http://www.cdlib.org/


UNIVERSITY OF CALIFORNIA

Los Angeles

Investigations of Point Defect Properties and Dislocation Mechanisms in the

Equiatomic Nb-Mo-Ta-W Refractory Alloy by Computational Modeling and Simulations

A dissertation submitted in partial satisfaction

of the requirements for the degree

Doctor of Philosophy in Materials Science and Engineering

by

Xinran Zhou

2024



© Copyright by

Xinran Zhou

2024



ABSTRACT OF THE DISSERTATION

Investigations of Point Defect Properties and Dislocation Mechanisms in the

Equiatomic Nb-Mo-Ta-W Refractory Alloy by Computational Modeling and Simulations

by

Xinran Zhou

Doctor of Philosophy in Materials Science and Engineering

University of California, Los Angeles, 2024

Professor Jaime Marian, Chair

Refractory multi-element alloys (RMEA) with body-centered cubic (bcc) structure have

been the object of much research over the last decade due to their high potential as candidate

structural materials for applications in harsh environments such as power plants, aerospace

industry, or nuclear sectors. However, theories are yet to be developed to fully explain their

exceptional strength at elevated temperatures, as well as to either verify or refute whether

they are as irradiation-tolerant as they are considered to be. A a good starting point to

dig in is that macroscopic irradiation behavior of the alloys is known to connected with

properties at atomic-level through the roles of point defects, i.e., self-interstitial atoms (SIA)

and vacancies. As for high-temperature strength, it is hypothesized that global chemical

fluctuations in these complex alloys are major causes of strengthening through interactions

with screw dislocation that significantly alter dislocation energetics and mechanisms which

are known to control the plasticity of classical bcc metals and dilute alloys.

Among all members of the RMEA family, the equiatomic Nb-Mo-Ta-W system has be-

come a model alloy of the RMEA group due to its phase stability, microstructural simplicity,
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and mixture of elements with high lattice distortion, making it an ideal experimental and

computational test bed to study fundamental behavior. Therefore, to explore the above

points and implement the modern theories, we use atomistic simulations to study the prop-

erties vacancies as well as self-interstitial atoms in the quaternary equiatomic Nb-Mo-Ta-W

refractory alloy. To investigate the bcc RMEA plasticity, we develop a kinetic Monte Carlo

(kMC) model to simulate screw dislocation motion in RMEAs and perform simulations to

study the relationship between dislocation mechanisms and alloy strength and quantify the

contribution to the total strength due to screw dislocation.

In our investigation of vacancy properties in Nb-Mo-Ta-W, we calculate their energetics

in the equiatomic Nb-Mo-Ta-W alloy, especially vacancy formation and migration energies,

using molecular statics calculations based on a spectral neighbor analysis potential specif-

ically developed for Nb-Mo-Ta-W. We consider vacancy properties in bulk environments

including the effect of short-range order (SRO) by preparing supercells through Metropo-

lis Monte-Carlo relaxations, and temperature on the calculation. The nudged elastic band

(NEB) method is applied to study vacancy migration energies. Our results show that both

vacancy formation energies and vacancy migration energies are statistically distributed with

a wide spread, on the order of 1.0 eV in some cases, and display a noticeable dependence

on SRO. Moreover, the large spread in vacancy formation energies results in an asymmetric

thermal sampling of the formation energy distribution towards lower values. This gives rise

to effective vacancy formation energies that are noticeably lower than the distribution aver-

ages. We study the effect that this phenomenon has on the vacancy diffusivity in the alloy

and discuss the implications of our findings on the structural features of Nb-Mo-Ta-W.

In our study of SIA properties in Nb-Mo-Ta-W, it is found that the ⟨111⟩ orientation to

be the most common among all split configurations. Chemically, these SIA defects adopt a

variety of structures involving all pairs of atoms, including –surprisingly– a relatively high

occurrence of octahedral SIA. In terms of their diffusivities, we find two clearly distinguished

regimes at and below 600 K and above it, where the SIA diffusion changes dimensionality
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from 1D to 3D. We calculate the migration energies and diffusion pre-factors in both regions,

from which we extract the translational and rotational components of the defect migration.

We find values of 0.25 eV and pre-factors of ∼10−11 m2·s−1 in the low temperature regime,

and 0.57 eV and ∼10−8 m2·s−1 in the high temperature one, and estimate the rotational

energy barrier at 0.37 eV.

Our simulations of screw dislocation kinetics indicate, in agreement with molecular dy-

namics simulations, that chemical energy fluctuations along the dislocation line lead to mea-

surable concentrations of kinks in equilibrium in a wide temperature range. A fraction of

these form cross-kink configurations, which are ultimately found to control screw disloca-

tion motion and material strength. It is found that the self-pinning stress remains even at

high temperatures due to the balance of two competing effects: strengthening due to higher

concentrations of kinks on multiple glide planes, and softening associated with the thermal

dissolution of cross-kinks.
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CHAPTER 1

Vacancy Energetics and Diffusive Properties in the

Equiatomic Nb-Mo-Ta-W Alloy

1.1 Introduction

High-entropy alloys (HEA), also known as multicomponent alloy or multiprincipal element

alloys consist of four or more distinct elements in equimolar or near equimolar proportions

[3–7]. Some HEA are observed to exhibit combinations of desirable properties which are

not common in conventional alloys such as good irradiation resistance, corrosion resistance,

thermal stability, and high strength [8–10], especially under harsh working environments.

This makes them attractive candidate materials for applications in the energy sector, the

aerospace industry, and transportation industries [11–14]. Their extraordinary properties

and great potential for a variety of applications have stimulated research to investigate the

underlying mechanisms [15–20]. Among the several different classes of HEA [9], refractory

multi-element alloys (RMEA) are composed of up to four or more refractory transition

metals from group IVB, VB, VIB [16, 21]. As its name indicates, RMEAs are attractive for

their outstanding mechanical properties at elevated temperatures. They are able to retain

a single phase bcc structure and have well-balanced combinations of high strength-weight

ratio, fracture toughness and ductility up to very high temperatures [22–27]. It is thought

that the limited self-diffusion reported for most RMEA plays a key role in the outstanding

thermal stability and mechanical properties at high temperatures.

At high temperatures, vacancy properties are known to control RMEA performance such
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as the irradiation resistance, phase stability and creep deformation [28–31]. Thus, gaining

a detailed understanding of vacancy energetics is a first important step to quantify the

parameters that govern mass transport properties in these alloys. Of particular interest

is the quantification of the (self) diffusion coefficient, which is universally reported to be

very low for RMEA such as Nb-Mo-Ta-W [32–34]. As well, it is important to study the

implications of high configurational entropy on defect properties such as those of vacancies,

both structurally and also in terms of the statistical significance of having a large spread in

the energy distributions.

For example, many works have shown that short-range order (SRO) can have significantly

effects on the mechanical, electronic, magnetic and irradiation properties of HEAs [35–40],

as well as vacancy energetics [41–43]. Thus, to gain a more comprehensive understanding

of the interactions between chemical lattice complexity and vacancy energetics in HEAs, an

investigation into the effect of SRO on vacancy energetics is of the essence.

Further, with vacancy formation energies in RMEA presumed to be as high as in the

pure elemental refractory elements, it is expected that heterogeneous nucleation at intrinsic

defects such as dislocations and grain boundaries will be the dominant source of vacancies

[43, 44]. Thus, here we also consider vacancy energetics in the proximity of edge dislocation

cores.

While it is well known that refractory metals display high vacancy formation energies,

in multi-principal element alloys bulk formation energies are often distributed across a wide

energy range [45–48]. This introduces the possibility of energies significantly lower than

the distribution averages [45, 46], opening the door to enhanced vacancy-mediated behavior

compared to pure refractory metals. Moreover, since vacancies are generally produced at

material heterogeneities, it is of interest to investigate the differences between formation

energy distributions in the bulk and at selected material defects such as dislocations, grain

boundaries, and free surfaces. While bulk vacancy formation distributions have been calcu-

lated for selected refractory multi-principal element alloys [48–50], here we also investigate
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vacancy formation at edge dislocation cores and study the implications on diffusion and dis-

location climb of broadly-distributed vacancy energies in Nb-Mo-Ta-W. As well, we study

vacancy migration in the bulk and at the edge dislocation core to understand the effect that

chemical composition has on these properties. To our knowledge, this has not been done

before.

The chapter is organized as follows. First, we discuss the atomistic simulation method,

including the details of construction of the random Nb-Mo-Ta-W model, the construction

of supercells with SRO, and the methods of calculating vacancy formation and migration

energies, Ef
V and Em

V , in a variety of scenarios. Then, we present results for Ef
V and Em

V as a

function of temperature by adopting supercell constrictions with the appropriate SRO at each

temperature. As well, we report on the results of the same calculations but in the presence

of an edge dislocation. This is followed by a discussion to provide detailed analysis of the

results and demonstrate how the results may be used to calculate the diffusion coefficient in

the alloy. Finally, we end the chapter with our main conclusions.

1.2 Methods

1.2.1 Molecular statics calculations

All molecular statics calculations were performed using the LAMMPS code [51] with an in-

teratomic potential adopted in this work developed by Li et al. [52] for the Nb-Mo-Ta-W

system. The relaxed configurations were visualized using OVITO [53]. Initially, cells with a

random distribution of Nb, Mo, Ta, and W in equal proportions were generated. The cells

were oriented along x = [111], y = [11̄0], z = [112̄] in a body-centered cubic (BCC) lattice

with the dimensions of 49.6× 43.5× 41 Å. Periodic boundary condition were enforced in all

three dimensions. The total number of atoms inside the simulation cell ranged from 5600 to

5760.
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1.2.2 Metropolis Monte-Carlo Method

To study the effect of short-range order (SRO) on vacancy energetics, we prepare simulation

cells with a random distribution of atomic species and apply the Metropolis Monte-Carlo

method to generate optimized atomic configurations at different temperatures. The Monte

Carlo relaxations follow the sequence listed below:

1. Randomly choose a type of atom-pair with different atom species (e.g. Nb and Ta, Nb

and Mo), and attempt swaps for 100 times for candidates that belong to the chosen

type.

2. Run a conjugate gradient (CG) minimization of the structure at that point.

3. Repeat steps 1 and 2 until the total energy of the supercell converges with the number

of iterations.

A series of temperatures ranging from 300 K to 1500 K are chosen and we then quantify the

degree of SRO as determined by a pre-specified order parameter (discussed below).

1.2.3 Vacancy formation and migration energies

The vacancy formation energy, Ef
V, is calculated in the fashion of:

Ef
V = EN−1 − EN + µavg (1.1)

where EN−1 and EN are the total energies of relaxed supercells with and without a vacancy,

respectively, and µavg is the chemical potential energy of the average alloy computed as:

µavg =
1

4
(µNb + µMo + µTa + µW) (1.2)

where µi(i = Nb,Mo,Ta,W ) is the chemical potential of a pure element calculated in the

context of its pure metal.
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Since Ef
V varies due to the change of local chemical environment in the alloy, up to

300 different lattice sites were randomly chosen for each cell to collect vacancy formation

energies in as many local environments as possible. For the purpose of comparison, the

vacancy formation energies in pure constituents of the alloy and the ‘average’ alloy (average

across all four constituents) are also computed and analyzed.

For their part, vacancy migration energies, Em
V , are calculated using the nudged elastic

band (NEB) method implemented in LAMMPS. Vacancy trajectories along the first nearest

neighbor direction [111] were subdivided into a total number of eight replicas, including six

intermediate replicas plus the initial and final configurations. The NEB method furnishes

the minimum energy path (MEP) from the initial to the final replica. After finding the MEP,

the Em
V is computed as the difference between the energy at the saddle point and the energy

of one of the end replicas. Similar to the case of Ef
V, we try over 150 different lattice locations

to capture the configurational variations introduced by the alloy compositional fluctuations.

1.3 Results

1.3.1 Equilibrium lattice parameter

To calculate the lattice parameter a0, we ran conjugate gradient minimizations of supercells

containing 16000 atoms arranged into a random structure. Figure 1.1 shows the energy per

atom as a function of the unit cell size, a. The error bars correspond to 20 independently

generated random configurations for each value of a. A second-degree polynomial fit to

the data yields a value of a0 = 3.243 Å. Using the same method, we simulated the lattice

parameters of the individual alloy constituents as well as their weighted average given in

Table 1.1. As the results show, a0 for Nb and Ta are 2.5% larger than the average value,

while the values for Mo and W are 2.1% smaller.
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Figure 1.1: Potential energy per atom as a function of a for random equiatomic Nb-Mo-Ta-

W.
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Table 1.1: Simulated equilibrium lattice parameters of the random equiatomic Nb-Mo-Ta-W

alloy, the ’average’ alloy and the individual constituents metals.

Symbol a0[Å]

Nb-Mo-Ta-W 3.24

Nb 3.33

Ta 3.32

Mo 3.17

W 3.18

‘average’ 3.25

1.3.2 Short range order calculation

The degree of SRO is quantified by the Warren-Cowley parameter [54], defined as:

ηαβ = 1−
∑Nβ

i xαβ
i

Nβcβ
(1.3)

where xαβ is the local concentration of atoms of type α neighboring an atom of type β (here

we consider only the first-nearest neighbor (1NN) shells), while cβ is the global concentration

of atom species β in the cell. Nβ is the number of atoms of type β in the computational cell.

With this definition, there are 10 unique pairs, characterized by the following values:

ηαβ


< 0, ordering

= 0, random

> 0. separation

(1.4)

The Warren-Cowley parameters of the system are computed as a function of temperature

after Metropolis Monte Carlo relaxations of computational cells consisting of 5760 atoms.

Figure 1.2 shows the evolution of the supercell energy as a function of temperature. Conver-

gence is achieved within 150000 iterations at the highest temperatures, while it requires in
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excess of 600000 steps below 900 K. The values for the 10 distinct pairs of elements are plot-

ted in Figure 1.3 as a function of temperature. The small band around zero (‘error band’)

marks the spontaneous SRO introduced by species fluctuations in the random configuration.

In general, pairs of elements from the same group, either group VB or group VIB (e.g.,

Ta-Nb and Mo-W) tend to segregate from one another (ηαβ > 0), while pairs composed

of elements from different groups (e.g., Ta-Mo, and Nb-W) show a tendency to ordering

(ηαβ < 0). Among these, the pair Ta-Mo becomes the most negative one, indicating the

strongest attraction between the two elements involved. Our calculations agree with results

of previous SRO studies in the equimolar Mo-Nb-Ta-V-W system [55, 56]. Interestingly,

at 300 K, the Warren Cowley parameter of Nb-Mo decreases slightly while that of Ta-Mo

continues to increase, which suggests that a competition may exist between Ta and Nb when

pairing with Mo.

Figure 1.2: Energy evolution of the random Nb-Mo-Ta-W during annealing at different

temperatures. The total energy of the system at the initial state is zero for easier reference.
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Figure 1.3: 1NN Warren Cowley parameter as a function of annealing temperature.
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1.3.3 Vacancy energetics in bulk systems

1.3.3.1 Vacancy formation energies in bulk Nb-Mo-Ta-W

The chemical potential energies used in the calculation of vacancy formation energies in the

real alloy is displayed in Table 1.2:

Table 1.2: The chemical potential energies of pure elements and the average alloy computed

in the context of the pure metals. The ’average’ represents the weighted average of chemical

potential energies of Nb,Ta,Mo and W.

symbol µ [meV]

Nb 6.1

Ta 13.4

Mo 22.3

W 21.3

’average’ 15.8

To calculate the vacancy formation energy distributions, we collect data for up to 300

randomly distributed vacancies in each box with the corresponding SRO as obtained in the

previous section. The Ef
V distributions of formation energies are shown in Figure 1.4. The

dashed line in each figure represents the statistical mean of each distribution, which is listed

in Table 1.3. Our results show that the effect of SRO on Ef
V is relatively weak, and that as

the temperature increases, the random alloy becomes a good representative of the relaxed

supercells with SRO. The vacancy formation energies of the constituent metals, as well as

their arithmetic averages, are also presented in Table 1.3. Interestingly, the average of the

individual constituent elements is noticeable larger than those of the actual alloy.
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Figure 1.4: The distributions of vacancy formation energies of: (a-e) cells with SRO (an-

nealing temperature from 300 K to 1500 K) and (f) the random cell of Nb-Mo-Ta-W. The

dashed line shows the position of the statistical average of each distribution.

1.3.3.2 Effective vacancy formation energy in bulk

While the vacancy formation energy distributions given in Figure 1.4 represent the spectrum

of possibilities for vacancies to form in a random lattice, in reality the thermal vacancy

concentration is not well predicted by the distribution averages. This is because thermal

sampling of the distributions disproportionately favors low energy occurrences. As such,

it is of interest to calculate the equilibrium concentration of vacancies as a function of

temperature, CV(T ), by direct sampling of Figure 1.4.

Next, we visit a large number of lattice sites, N=1010, and evaluate the Boltzmann

probability of forming a vacancy by uniformly sampling the distributions given in Figure 1.4:

pi = exp

(
−Ef

i

kT

)
(1.5)
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Table 1.3: Statistical averages of vacancy formation energy distributions of Nb-Mo-Ta-W and

vacancy formation energies of the pure constituents. The ’average’ represents the weighted

average of vacancy formation energies of Nb,Ta,Mo and W.

Alloy condition Ef
V [eV]

300 K 2.54

600 K 2.53

900 K 2.53

1200 K 2.49

1500 K 2.49

random 2.48

Nb 2.32

Ta 2.24

Mo 2.81

W 2.93

‘average’ 2.57

where Ef
i is the ith sampling of the vacancy formation energies, k is the Boltzmann constant.

CV(T ) is obtained as the ratio of the number of successful vacancy formation events, n(T ),

defined by

ξi < pi

where ξi is a uniform random number between 0 and 1., and the total number of trials, N ,

i.e.:

CV(T ) =
n(T )

N
(1.6)

One then matches the calculated value of CV(T ) to an ‘effective’ formation energy:

Ef
eff (T ) = −kT log

n(T )

N
(1.7)
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The effective formation energies at temperatures ranging from 1500 K to 2000 K are shown

in Figure 1.5. The values are listed in Table 1.4. The value of Ef
eff starts from about 2.37

eV at 1500 K, and grows with a decreasing rate to approximately 2.40 eV at 2000 K. It

is clear in the figure that the sensitivity of Ef
eff to temperature decreases beyond 1500 K

which leads to slow increasing in Ef
eff , resulting in lower effective energies at all temperatures

compared with the average Ef
V of the distribution in the random bulk. The significance of

these calculations will be explained in the discussion session.

Table 1.4: The effective vacancy formation energies of Nb-Mo-Ta-W at different tempera-

tures.

T [K] Ef
eff [eV]

1500 2.367

1600 2.375

1700 2.383

1800 2.393

2000 2.398

1.3.3.3 Vacancy migration energies in the bulk

The minimum energy path (MEP) of vacancy migrations was obtained by the nudged-elastic

band (NEB) method for all the pure elements and for the equiatomic Nb-Mo-Ta-W system.

150 different paths were analyzed for the alloy. The results are shown in Figure 1.6. As

expected, the reaction path in the alloy is not symmetric, due to chemical energy differences

between the initial and final states. As a result, two distinct barriers can be extracted from

the alloy.

As in the previous section, the distributions of vacancy migration energy, Em
V , of cells

with and without SRO are shown in Figure 1.7. The mean values of Em
V for all temperatures
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Figure 1.5: Effective vacancy formation energy as a function of temperature. The horizontal

line represents the statistical average in the vacancy formation energy distribution of the

random Nb-Mo-Ta-W bulk. The shadow region highlights the difference between effective

energies and the statistical average value.

are given in Table 1.5. Here, a clear decrease in Em
V can be seen with decreasing SRO.

To compare, the migration energies of pure components and the ’average’ alloy are sim-

ulated and displayed in Table 1.5 as well. Among all the components, W has the highest

migration energy as 2.074 eV which is higher than all Nb-Mo-Ta-W alloys, while other pure

elements have close (e.g. Mo) or lower energies (e.g. Nb and Ta) than the Nb-Mo-Ta-W
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Figure 1.6: The MEPs of vacancy migration in (a) pure constituent metals and (b) the

equiatomic random Nb-Mo-Ta-W.

alloys. The average of the four pure metals stands as 1.529 eV, smaller than the average

migration energies of all the Nb-Mo-Ta-W alloys.

In the bcc crystal lattice, there are eight 1NN jumps originating form the same site. It is

thus important to check if vacancy migration barriers are correlated to the originating site,

or completely uncorrelated. To that end, we compute barriers purely randomly (i.e., select

a lattice site at random and one 1NN path at random) or in a correlated fashion (one lattice

site at random and all eight paths at that location). The results for both cases are shown in

Figure 1.8. While slight differences exist, we see that there is no distinct difference between

the energy distributions of the single direction and the eight-direction case. This suggests

that the migration barriers are truly uncorrelated from the originating lattice site.
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Figure 1.7: The distributions of vacancy migration energies of: (a-e) cells with SRO (an-

nealing temperature from 300 K to 1500 K) and (f) the random cell of Nb-Mo-Ta-W. The

dashed line shows the position of the statistical average of each distribution.

1.3.4 Vacancy energetics at edge dislocation cores

1.3.4.1 Formation energies

Vacancy formation is significantly facilitated by heterogeneities. A good example of struc-

tural heterogeneity is an edge dislocation. To this end, next we calculate the vacancy for-

mation energies as a function of distance to an edge dislocation core on the atomic plane of

the compressive region immediately adjacent to the glide plane. Figure 1.9 shows a relaxed

1
2
[111] edge dislocation dipole with atoms colored by their chemical nature created as ex-

plained in the paper by Hossain et al. [57]. The figure also shows the locations where vacancy

formation energies have been calculated. Figure 1.10 shows the results obtained from 300

independent evaluations. As shown, the vacancy formation energies are drastically reduced
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Table 1.5: Statistical averages of vacancy migration energy distributions of Nb-Mo-Ta-W and

vacancy migration energies of the pure constituents. The ’average’ represents the weighted

average of vacancy migration energies of Nb,Ta,Mo and W.

Alloy condition Em
V [eV]

300 K 1.89

600 K 1.84

900 K 1.82

1200 K 1.82

1500 K 1.79

random 1.71

Nb 0.99

Ta 1.32

Mo 1.74

W 2.07

‘average’ 1.53

within four Burgers vector distances from the bulk values around 2.5 eV down to 1.0 eV at

position ‘0’.

As before, SRO only has a marginal effect on these results. The specific values at location

‘0’ as a function of SRO at different temperatures and also for the elemental metals are given

in Table 1.6. The formation energies for the Nb-Mo-Ta-W system are higher than those of

the pure metals and the ’average’ alloy.
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Figure 1.8: The distributions of vacancy migration energies when: (a) only one [111] direction

is considered and (b) all eight directions of [111] type are considered.

1.4 Discussion

1.4.1 Statistical distribution of vacancy energetics

As displayed in Figure 1.4 and Figure 1.7, we find that both vacancy formation energies

and migration energies are statistically distributed, which agree with observations in recent

works in HEAs [29, 45, 58, 59]. The largely spread in the distributions can be explained by

the variety of local chemical environments in the alloy. Our results also demonstrate that

the spread width and average energies of both distributions of Ef
V and Em

V display a minor

but non-negligible dependence on SRO.

1.4.2 Analysis of vacancy formation energy and migration energy

Since the formation energy distributions are quite widely-spread, vacancies with large for-

mation energies are rarely activated, resulting in the asymmetric thermal sampling towards

low formation energies. Therefore, the effective formation energies should be lower than the
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Figure 1.9: A cell of random Nb-Mo-Ta-W with an edge dislocation dipole. The ‘⊥’ symbols

mark the exact locations of dislocation cores. The dashed circles indicate locations with

varying atomic distances from dislocation cores (e.g. position ’0’ is of zero interatomic

distance from the core). Colors represent different atomic species: red = Ta, blue = Nb,

yellow = Mo, green = W.

statistical averages of the formation energy distributions, which is confirmed by comparing

the values of Ef
V (see Table 1.3) and Ef

eff (see Table 1.4). As temperature goes low, Ef
eff

decreases with an increasing rate because the possibility of sampling vacancies with large

barriers drops exponentially.

The presence of edge dislocation core effectively changes the formation energy barriers
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Figure 1.10: Vacancy formation energies as a function of distance from the edge dislocation

core. The labeled positions in the x axis refer to the locations shown in Figure 1.9. The

point labeled as ’random bulk’ gives the formation energy obtained in Section 1.3.3.

of vacancies within a few Burgers vector distances from the core, and its effect becomes

negligible once vacancies are beyond five Burgers vector distances from the dislocation core

(see Figure 1.10). The formation barriers are reduced to below 1.0 eV on average at core in

the compressive region (see Figure 1.9), with occasional occurrence of near-zero Ef
V.

Unlike Ef
V, the statistical averages of distributions of E

m
V adequately describe the barriers

of migration. During migration, a vacancy can visit a variety of chemical environments over

a long distance, which involves a great number of independent samplings of Em
V with varying
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Table 1.6: Statistical averages of vacancy formation energy distributions of position ’0’ in

alloys with varying degrees of SRO. The ’average’ represents the weighted average of vacancy

formation energies at position ’0’ in Nb,Ta,Mo and W.

Alloy condition Ef
0 [eV]

300 K 1.11

600 K 1.12

900 K 1.05

1200 K 1.09

1500 K 1.10

random 1.00

Nb 0.86

Ta 0.81

Mo 0.94

W 0.97

‘average’ 0.90

values. Therefore, the value of stochastic average barrier of migration by sampling is close

to the statistical average computed from the migration energy distribution.

1.4.3 Self-diffusion coefficients of Nb-Mo-Ta-W

Refractory high entropy-alloys are generally said to display sluggish diffusion [60, 61]. While

this may be logically inferred from the known self-diffusion coefficients in the parent metals,

here we have the opportunity to provide a direct assessment based on the results presented

in this chapter.

We start with the general Arrhenius expression for the diffusivity of a substitutional

21



atomic species i:

Di = Di
0 exp

(
−∆H i

kT

)
(1.8)

where ∆H i is the activation enthalpy and Di
0 is a temperature-independent diffusion pre-

factor. ∆H i is calculated as the sum of the formation and migration energies of a vacancy:

∆H i = Ei
f + Ei

m (1.9)

For Nb-Mo-Ta-W, we use the effective formation energies as the source for the values of Ei
f

(from Fig. 1.5) since they describe the true thermal concentrations of vacancies in the alloy.

In terms of Ei
m, the statistical averages do adequately represent the migration barrier (see

Table 1.5). In particular, as we demonstrated in Sec. 1.3.3.3, the vacancy migration energies

can be considered uncorrelated with the originating jump site, which simplifies the sampling

of the distributions given in Fig. 1.8. The pre-exponential factors are computed using the

expression:

D0 =
1

6
zfν0b

2 (1.10)

where z = 8 is the 1NN coordination number in bcc lattices, f ≈ 0.75 is a correlation factor,

b =
√
3
2
a0 is the 1NN jump distance and a0 for different systems can be found in Table 1.1.

ν0 is the Debye frequency, which is computed as:

ν3
0 = 6π2nc3 (1.11)

where n is the atomic density, c is the velocity of sound in the material, expressed as:

n =
2

a30
(1.12)

c =

√
K

ρ
(1.13)

where K is the shear modulus, and ρ is the mass density, computed using the equation:

ρ =
2m

NAa30
(1.14)
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wherem is the atomic weight, 2 represents the number of atoms per unit cell in bcc structure,

NA = 6.022 × 1023 is the Avogadro’s constant. Values of D0 and parameters used for

computing the diffusivity of each system are listed in Table 1.7. At the moment, we do not

have parameters in eq.(1.10) specific for the alloy, and thus we simply use a simple average

of the values of the pure constituent metals. As such, the relevance of D0 for this study is

very marginal and is only used for estimation purposes.

Table 1.7: Parameters and pre-exponential factors used in calculation of diffusivity.

System K [GPa] [52] m [a.m.u.] [62] D0 [×10−6 m2·s−1]

Nb-Mo-Ta-W 83 138.41 2.96

Nb 32 92.91 2.39

Ta 59 180.95 2.31

Mo 110 95.95 3.86

W 160 183.84 3.40

Figure 1.11 shows an Arrhenius plot of the diffusivities of the elemental metals and

the Nb-Mo-Ta-W system for both the effective vacancy concentrations and the distribution

averages. The figure clearly shows that the diffusivities of the pure metal and the alloy (in

the two alternatives considered) are extremely low, thus substantiating the notion of sluggish

diffusion typically attributed to RHEA.

1.4.4 Comparison with other works

In a recent MD study by Luke [50], the average formation energy of a vacancy in random

Nb-Mo-Ta-W was given as 2.26 eV, which is consistent with our result of 2.48 eV. Similar

values are also obtained in ternary equiatomic V-Ta-W [63], which display an average value

of 2.81 eV. In another work by Byggmastar et al. [56], an average formation energy of

3.3 eV was obtained in Mo-Nb-Ta-V-W using density-functional theory (DFT) calculations,
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Figure 1.11: Diffusivities of Nb-Mo-Ta-W and its pure constituents as a function of temper-

ature.

and 3.1 eV using the Gaussian approximation potential framework. Using DFT, Roy et al.

[64] studied vacancy stability in the body-centered cubic (Mo0.95W0.05)0.85Ta0.10(TiZr)0.05

and computed the average formation energies ranging from 3.4 eV to 3.52 eV by alternating

chemical environment. All their observations agree with our findings about the effect of SRO

on vacancy energetics, i.e., the variation of Ef
V and Em

V as a function of the local environment.

As for vacancy migration, a recent work of the ternary equiatomic bcc Mo-Nb-Ta alloy
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by Xing et al. [48] shows that when SRO is introduced into the system the chemical ordering

induces a localizing trapping effect which increases the migration energies. This is in agree-

ment with our results (Fig. 1.7). They also report a broadening with SRO of the migration

energy distributions, which in contrast is not so clear-cut in our case.

A study by Wang et al. [65] shows that the equilibrium concentrations of vacancies

are greatly enhanced by the high entropy in the HEAs compared to pure metals, which

corresponds to our finding that the effective formation energy of Nb-Mo-Ta-W is smaller

than the average value of Ef
V obtained from its pure constituents especially at temperatures

lower than 1600 K.

1.5 Conclusions

We end the chapter with our most important conclusions.

1. Both vacancy formation and migration energies in Nb-Ta-Mo-W are defined by statis-

tical distributions with a wide spread, on the order of 1.0 eV in some cases.

2. Vacancy energetics in Nb-Mo-Ta-W display a non-negligible dependence on SRO, which

is reflected by the decrease in Ef
V from 2.54 eV to 2.48 eV and Em

V from 1.89 eV to

1.71 eV as SRO weakens with increasing temperature.

3. The vacancy formation energies are reduced by 1.4 eV on average as they approach

an edge dislocation core from the bulk. Vacancies with low energies near zero can be

found at core positions, from which we hypothesize the formation of ‘superjogs’ on

edge dislocation lines would be easy.

4. Due to the wide spread distribution of vacancy formation energies, its thermal sampling

becomes asymmetric towards lower values, resulting in lowering in effective vacancy

formation energies compared to statistical averages in formation energy distributions.
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5. The effective diffusivity in Nb-Mo-Ta-W using Ef
eff is smaller than the diffusivities of

Nb and Ta, however larger than those of Nb-Mo-Ta-W using the statistical average

Ef
V as well as Mo and W, the value of which starts from 10−19 m2 · s−1 at 1500 K to

10−16 m2 · s−1 at 2000 K, confirming the sluggish diffusion reported in the equimolar

Nb-Ta-Mo-W alloy.
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CHAPTER 2

Self-interstitial Configurations, Energetics and

Diffusive Properties in the Equiatomic Nb-Mo-Ta-W

Alloy

2.1 Introduction

Refractory multi-element alloys (RMEA) are a special class of materials composed of typi-

cally four or more refractory metal elements, such as Nb, Mo, Ta, V, W, Cr, Hf, or Zr, mixed

in near equal proportions. These alloys generally crystallize into a simple body-centered cubic

(BCC) phase and are found to retain high strengths up to high temperatures [16, 22–27, 66],

making them attractive candidates as structural materials in the power, aerospace, or nu-

clear sectors [11–13, 67, 68]. Among these, the equiatomic Nb-Mo-Ta-W system has become

a model alloy of the RMEA group due to its phase stability, microstructural simplicity,

and mixture of elements with high lattice distortion, making it an ideal experimental and

computational test bed to study fundamental behavior [7, 9, 16, 21, 66, 69].

The refractory nature of these alloys endows them with a high melting temperature, high

defect formation energies, and high threshold displacement energies [49, 56, 65, 70, 71]. Con-

sequently, RMEA are being actively considered as irradiation-tolerant materials in nuclear

environments [11, 72–76]. However, at the macroscopic level, irradiation resistance is linked

primarily to time-dependent phenomena such as swelling, hardening, and embrittlement [77].

Key to the connection between atomic-scale properties and macroscopic behavior is the role
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of point defects, i.e., self-interstitial atoms (SIA) and vacancies. Generally, when SIA clusters

become decoupled from vacancy clusters, a recombination imbalance occurs and the excess

defect concentration can lead, over time, to microstructural evolution and material property

changes [77–82]. This decoupling can take place by a number of different mechanisms, such

as vacancy cluster dissolution and/or immobilization, or large vacancy-SIA cluster mobil-

ity disparity. Indeed, in pure metals and dilute alloys, SIA clusters are known to undergo

fast quasi one-dimensional (1D) diffusion along rectilinear trajectories punctuated by spo-

radic orientation changes [83–92]. As SIA clusters grow larger, which is typically favored by

higher irradiation energies and by the thermodynamics of defect aggregation, these orienta-

tion changes become rarer, leading to purely one-dimensional motion and full vacancy-SIA

decoupling. Thus, two of the general approaches for enhancing radiation resistance are (i) to

diminish the propensity of SIA clusters of a given size to migrate in 1D or (ii) to inhibit the

formation of large SIA clusters for a given irradiation energy. Recent studies indicate that

in concentrated multi-element alloys, large SIA cluster formation is indeed inhibited relative

to pure metals [63, 76, 93]. Likewise, SIA cluster migration is seen to be significantly more

constrained. Potentially, all this points to an intrinsic radiation resistance in RMEA not

seen in their pure element or dilute alloy counterparts. Here, we explore the properties of

SIA defects in the Mo-Nb-Ta-W system, for which no results have been published yet.

The starting point of our study is the structure of single self-interstitials. In crystalline

solids, SIA generally adopt ‘split’ configurations oriented along dense atomic crystal direc-

tions. In BCC metals, these are ⟨111⟩ or ⟨110⟩ orientations [80, 91, 94–100]. Thus, it is

of interest to study whether the intrinsic chemical disorder and lattice distortion typical

of RMEA changes this general picture and what the implications for radiation resistance

may be. Recent work has focused on Mo-Nb-Ta-W-V [56, 71], V-Ta-Cr-W [49], and Ti-

V-Ta-Nb [101] systems, as well as in the ternaries V-Ta-Ti and V-Ta-W [63, 93], all using

recently-developed data-driven machine-learning interatomic potentials [52, 102, 103]. The

main focus in these studies was to calculate the formation energies of the corresponding split
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α-β SIA configurations (where α and β denote chemical elements), which are seen to display

large variabilities both with respect to one another and as a function of the local chemical

environment for a given α-β pair. Note that, in complex concentrated alloys, the very notion

of ‘self’-interstitial atom is misleading, as all atoms are potentially different from each other,

even in the split configuration. However, for convenience, we will continue to refer to them

as “SIA” or “self-interstitials”.

In this work we calculate single self-interstitial formation energies for five distinct topo-

logical configurations and all elemental pairs in Nb-Mo-Ta-W alloys. We also calculate their

diffusivity and study the trajectories of each SIA defect under thermal diffusion conditions

to ascertain the dimensionality of their motion and their migration properties. The chapter

is organized as follows. First, we discuss the atomistic simulation method, including the de-

tails of construction of the random Nb-Mo-Ta-W model and the methods for calculating SIA

formation energies, Ef
SIA. We then present results for Ef

SIA for all SIA types considered, and

calculations of the mean square displacement and the diffusion coefficient. This is followed

by a discussion of the results to calibrate the impact of our findings and their implications

in terms of the radiation tolerance of Nb-Mo-Ta-W. We finish the chapter with our most

important conclusions.

2.2 Methods

2.2.1 Atomistic calculations

All the atomistic calculations were performed using the LAMMPS code [51] with the interatomic

potential developed by Li et al. [52] for the Nb-Mo-Ta-W system. The relaxed configurations

were visualized using OVITO [104]. Initially, cells with a random distribution of Nb, Mo,

Ta, and W in equal proportions were generated. The cells were oriented along x = [111],

y = [11̄0], z = [112̄] in a BCC lattice with the dimensions of 49.6 × 43.5 × 41 Å. Periodic

boundary condition were enforced in all three dimensions. The total number of atoms inside
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the simulation cell ranged from 5600 to 5760.

2.2.2 Defect energy calculations

One of the unique aspects of complex concentrated alloys (CCA) is that point defect energies

are characterized by statistical distributions instead of single-valued functions. For self-

interstitials, this is evident in the expression used to calculate the SIA formation energy:

Eα-β
SIA = Eα-β

T − (E0 + µα) (2.1)

where Eα-β
SIA is the formation energy of a SIA formed by an extra atom of type α an existing

lattice atom of chemical type β (α, β =‘Nb’, ‘Mo’, ‘Ta’, or ‘W’), Eα-β
T is the total energy

of the computational cell containing N + 1 atoms, E0 is the total energy of a cell of N

atoms, and µα is the chemical potential of an atom of chemical type α in the alloy. As the

expression indicates, variations in the energy of a supercell composed of N atoms can occur

due to different atomic configurations for the same nominal alloy composition. This can

be accounted for by considering a statistically-significant number of different configurations

of the Nb-Mo-Ta-W alloy, and averaging over the entire space of configurations tried. In

addition, the SIA formation energy depends specifically on the chemical nature of both the

extra atom added to the lattice and the host atom occupying it. This requires knowing in

advance the four chemical potentials of the alloy, which can be calculated by ‘flipping’ the

chemical nature of one atom for that of another, and then calculating the change in energy,

∆Eα→β, for the total computational cell [105]. Mathematically:

∆µα→β = µβ − µα = ∆Eα→β − E0 (2.2)

The system is fully defined by the energy and mass balance conditions:

E0 = NNbµNb +NMoµMo +NTaµTa +NWµW (2.3)

N = NNb +NMo +NTa +NW (2.4)
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Equations (2.2), (2.3), and (2.4) conform a system of equations that can be solved running

molecular statics calculations in random alloy supercells. Table 2.1 gives the calculated

chemical potentials for the Nb-Mo-Ta-W alloy obtained from 130 independent configurations

of a computational cell of 24192 atoms containing a random equiatomic alloy. Also shown are

the values calculated for each pure element (using the same interatomic potential). Equipped

with this information, one can now calculate the formation energies of the pertinent SIA

combinations.

Table 2.1: Calculated chemical potentials for the equiatomic Nb-Mo-Ta-W alloy and the pure

elements. The results for the alloy were extracted from 130 independent alloy configurations

in supercells containing 24192 atoms. The last two columns give the lattice parameters of

the pure elements and the lattice distortion relative to pure W: δ =
(
aα0 − aW0

)
/aW0 .

α µα (pure metal) [eV] ∆̄µ
α→β

µ̄α (in Nb-Mo-Ta-W alloy) [eV] a0 [Å] δ [%]

Nb −7.8123 −0.0124 −7.8222 3.3265 4.6

Mo −6.8786 −0.0856 −7.0248 3.1667 −0.5

Ta −8.0434 −0.1477 −8.1289 3.3183 4.3

W −7.9495 −0.0563 −7.9966 3.1812 0.0

As indicated above, in metals, SIA ordinarily adopt linear configurations along high-

density atomic chains. However, in complex concentrated alloys with large lattice distortion,

other possibilities for accommodation of extra atoms may emerge around regions with in-

creased local atomic volume. Consequently, in this work we consider five main configurations:

tetrahedral, octahedral, and split dumbbells along the ⟨110⟩, ⟨110⟩, and ⟨100⟩ directions.

Figure 2.1 shows a schematic representation of these structures as a reference.
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(a) (b) (c)
(d) (e)

Figure 2.1: Split dumbbell configurations in BCC crystals: (a) ⟨110⟩ orientation, (b) ⟨111⟩

orientation, and (c) ⟨001⟩ orientation. (d) and (e), tetrahedral and octahedral configura-

tions. The atom colored in black represents the extra atom that forms the self-interstitial

configuration.

2.3 Results

2.3.1 Formation energies of self-interstitial atoms

2.3.1.1 SIA defects in the pure metals

Before embarking on a detailed study of SIA structures in the Nb-Mo-Ta-W system, it is

helpful to get a reference for the atomistic model employed in this work by calculating the

SIA formation energies in each one of the four elemental metals separately. Table 2.2 gives

the formation energies of the ⟨111⟩ SIA configurations in each of the pure metals. The

table includes calculations from other sources for comparison with the SNAP potential and

cross-verification.

As the table shows, the energies obtained with the SNAP potential for the pure elements

are in reasonable agreement with other independent calculations. It is worth noting that the

SNAP potential did not include SIA formation energies as part of the parameter database

that it was fitted with.
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Table 2.2: SIA formation energies for the ⟨111⟩ configurations in the elemental metals cal-

culated in this work using the SNAP potential (in bold text), and published in other works.

‘DFT’: density functional theory. ‘BOP’: bond-order potentials. All energies are in eV.

Element This work (SNAP) DFT calculations [99] BOP [106] Other studies

Nb 4.38 4.79 5.25

Mo 6.49 7.42 5.83 7.34 [107]

Ta 6.31 5.84 7.42 6.37 [108]

W 9.77 9.55 9.50 9.82 [109]

2.3.1.2 SIA defects in Nb-Mo-Ta-W

Next, we insert one extra atom at a random location in the atomistic supercell and let the

system relax using a simulated annealing. We then look at the structure of the resulting

self-interstitial and tally up the results. We repeat this process 400 times, 100 per each

atomic species. Figure 2.2 shows the normalized histograms corresponding to each of the

100 cases of same species, while Figure 2.3 gives the combined histogram for all 400 cases

combined. Visual inspection of these figures leads to the following main observations:

1. There is a clear preference for Mo-containing self-interstitials, with Mo-Mo, octahedral

Mo, Mo-Nb, and Mo-W being the most stable, in that order, among all SIA structures

observed. Mo-Mo, Mo-Nb, and Mo-W are all found adopting ⟨111⟩ configurations as

their most common state.

2. Of the octahedral self-interstitials, oct-Mo is most frequent.

3. Of the three split SIA configurations, ⟨111⟩ are always more common, followed by

⟨110⟩, and then by ⟨100⟩. This is a general observation, irrespective of the specific

atom pair forming the SIA.
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(a) Nb (b) Mo

(c) Ta (d) W

Figure 2.2: Normalized histograms of the final configurations observed in random Nb-Mo-Ta-

W alloys for insertions of the same type of atomic species (indicated under each subfigure).

Note that insertion of an extra atom of species α does not necessarily have to lead to an

self-interstitial containing that same species.
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Figure 2.3: Relative occurrence of each type of SIA structure observed after relaxation.

4. Self-interstitials not containing a Mo atom are a factor of two rarer that those with

Mo.

To confirm that occurrence correlates with energetic stability, next we calculate the for-

mation energies of all the observed SIA structures. Figure 2.4 shows a violin plot organized

by both the chemical species involved in the SIA and their crystallographic orientation. In

general, Figs. 2.3 and 2.4 are consistent with one another, i.e., SIA energy correlates directly

with occurrence. The only exception is the octahedral Mo self-interstitial, which, with values

between 7.0 and 8.0 eV, have significantly higher formation energies than much rarer SIA

such as Ta-Mo or Nb-Nb.

To first order, we can correlate the atomic size (in terms of the lattice distortion it

creates, see Table 2.1) with the relative occurrence of each SIA structure. First, our results

are generally consistent with Mo being the smallest and least energetically costly atom, as
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Figure 2.4: Violin plot showing the SIA formation energies in random Nb-Mo-Ta-W alloys

for all structures observed. Octahedral configurations are placed on the left (no ‘oct-Ta’

structures were stable), followed by the energies of the ⟨100⟩, ⟨110⟩, and ⟨111⟩ configurations

for split SIA pairs. ‘SD’ stands for “standard deviation” (in the legend).

evidenced by the high occurrence of octahedral-Mo and Mo-Mo SIAs. Mo also couples well

to the oversized atoms Nb and Ta, mostly in the ⟨111⟩ configuration, which would suggest

that the Mo-Ta and Mo-Nb SIA acommodate well in the crystal by canceling their respective

lattice distortions. This coupling between atoms with a small and a high lattice distortion

does not seem to apply to the Ta-W SIA. As well, combining the two smallest atoms, Mo

and W, into a SIA also does seem to be favored, as seen in the relatively low formation

energies of the ⟨111⟩ Mo-W SIA.

2.3.2 Diffusion of self-interstitial atoms in Nb-Mo-Ta-W

Diffusion of self-interstitials is studied in the usual manner, i.e., by allowing the defect to

carry out a spontaneous random walk at a given temperature and then calculating the mean
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square displacement, ⟨∆R2⟩, as a function of time:

⟨∆R2⟩ = 1

M

M∑
i

[ri(t)− ri(0)]
2 (2.5)

where ri(0) is the initial position of the defect, and ri(t) is its position at time t, which

must be tracked over a statistically significant time period (one nanosecond in our case). M

represents the number of independent simulations at each temperature (five in our case).

The SIA diffusivity is then obtained from the slope of the ⟨∆R2⟩-vs-t curves as a function

of time [86, 110]:

DSIA(t) =
1

2n

d

dt

[
⟨∆R2⟩(t)

]
(2.6)

where n is the dimensionality of the SIA migration (n =1, 2, or 3). This equation is

predicated on the equivalency of diffusive jumps in a uniform medium, i.e., on the onset

of a truly random walk. However, in complex chemical environments, the SIA defect will

not generally see crystallographically-symmetric diffusion paths and thus it is not clear that

the linear ⟨∆R2⟩-vs.-t assumption holds. Instead, here we monitor the instantaneous value

of DSIA(t) until it converges in time. Prior to that, however, we must determine the defect

diffusion dimensionality, n, by tracking the position of the defect as a function of time and

constructing its spatial trajectory. Exemplars of such trajectories at 900, 1500, and 2000

K are shown in Figure 2.5. We observe a clear shift in diffusion dimensionality from one-

dimensional (n = 1) at 900 K and below to three-dimensional (n = 3) at 1200 K and

above. This shift is qualitatively consistent with the behavior of SIA in pure metals, where

SIA diffusion paths are too seen to occur along ⟨111⟩ directions, with sporadic changes of

orientation that increase in frequency with temperature.

With the value of n pre-established, next we plot the evolution of DSIA with time as

a function of temperature in Figure 2.6. As the figure shows, while 1 ns is generally not

sufficient to lead to time-converged diffusivities (except at 2000 K), all the DSIA(t) curves

monotonically decrease towards their corresponding asymptotic (i.e., time converged) values.

Consequently, we fit all curves to the expression DSIA(t) = a (1 + bt−1), where a (asymptotic
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(a) 900 K (b) 1500 K (c) 2000 K

Figure 2.5: Spatial trajectories of SIA defects at different temperatures in equiatomic Nb-

Mo-Ta-W alloys.

Figure 2.6: Evolution with time of the diffusivity of self-interstitial atoms at several temper-

atures. Dashed lines indicate asymptotic fits at each temperature.

value) and b (inverse time constant) are fitting parameters. Here, a represents the time-

independent value of the diffusivity, while the constant b accounts for the initial transient
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until steady state conditions have been established. The different values of a as function of

temperature are then added to an Arrhenius plot, with the results shown in Figure 2.7.
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Figure 2.7: SIA diffusivities as a function of inverse temperature. Orange and blue dashed

lines are fits to eq. (2.7) separating the 1D and 3D diffusing temperature regions.

Clearly, the data points are arranged into two clearly differentiated temperature regions.

These regions are consistent with the split in diffusion dimensionality observed in Fig. 2.5,

namely, 1D and 3D diffusion at low and high temperatures, respectively. Accordingly, we fit

the values in each region separately to the classical expression:

DSIA(T ) = D0 exp

(
−ESIA

m

kT

)
(2.7)

where D0 is the diffusion pre-factor, and ESIA
m is the migration energy. The values of D0 and

ESIA
m obtained from the fits in each region are given in Table 2.3. The differences in these

values can also be explained by the defect migration mode. At low temperatures (≤ 600

K), diffusion is primarily one-dimensional and, as such, the value of ESIA
m (0.25 eV) reflects
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Table 2.3: Diffusion parameters extracted from Fig. 2.7.

parameter T ≤ 600 K T ≥ 600 K

D0 [m2·s−1] 4.43× 10−11 1.16× 10−8

ESIA
m [eV] 0.25 0.57

the transition barrier for migration along the ⟨111⟩ direction. Such process is generally

understood to be mediated by a soft vibrational mode and thus represented by a relatively

low energy barrier. Indeed, this is the dominant migration mechanism observed in pure

metals, which correspondingly display low values of ESIA
m as shown in Table 2.4 for Mo, Nb,

Ta, and W. However, the value of D0 in this regime is several orders of magnitude smaller

than those of the pure metals given in the table (∼10−11 vs. 10−8 m2·s−1).

Above 600 K, the SIA experiences more frequent rotations between different ⟨111⟩ direc-

tions, turning defect migration into a three-dimensional process. Rotation is also a thermally

activated process defined by its own transition energy, often higher than that of the pure

translational process [85, 111, 112]. To first order, one can estimate the rotational energy

barrier as the difference between the total, 0.57 eV, and the translational barrier, 0.25 eV,

which gives ∆ESIA
rot ≈ 0.32 eV. The diffusivity pre-factor in this case is on the order of those

found in pure metals (∼10−8 m2·s−1).

Table 2.4: Pre-exponential factors and SIA migration energies found in the literature for the

pure elements Nb, Mo, Ta, and W.

parameter Nb Mo Ta W

D0 [m2·s−1] 9.4× 10−8 3.8× 10−7 1.0× 10−8 2.2× 10−7

ESIA
m [eV] 0.12 0.40 0.10 0.36, 0.02

source [113] [113] [114] [110], [115–117]
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The literature on SIA diffusion in other RMEA is scarce [101, 118–120], limiting the

opportunities for comparison. Zhao et al. [101] found migration energies for self-interstitials

in the 0.18∼0.28-eV range and pre-factors on the order of ∼10−8 m2 s−1 in ternary (Ti-V-Ta)

and quaternary (Ti-V-Ta-Nb) BCC alloys. Shi et al. [119] studied SIA motion in BCC Nb-

Zr-Ti at 1200 K and found a diffusivity of 3.88×10−11 m2·s−1, approximately 15 times slower

than in pure Nb. These studies are qualitatively consistent with ours in terms of showing

reduced diffusivities in increasingly complex concentrated alloys relative to pure elements or

dilute systems.

2.4 Discussion

The behavior of point defects is central to the theory of radiation damage [121–124]. Point

defects are subjected to different biases in how they are produced and how they migrate,

which over time leads to microstructural evolution in irradiated materials. As such, un-

derstanding their fundamental energetics (formation and migration) is the starting point

for mounting a more comprehensive irradiation damage analysis. With recent advances in

complex concentrated alloy development, the study of irradiation effects in chemically inho-

mogeneous systems is being pursued with renewed vigor. As well, given the inherent natural

superiority of BCC metals over FCC ones in terms of irradiation tolerance, novel BCC re-

fractory concentrated alloys are inviting new interest for nuclear applications [11, 73, 74]. In

this work, we have calculated the energetics of self-interstitial atoms in Nb-Mo-Ta-W, which

–as of the writing of this chapter– has not been the subject of a dedicated study.

One of the most important findings of this work is the high occurrence of octahedral

self-interstitials in Nb-Mo-Ta-W. This is at striking odds with calculations in pure BCC

metals [99, 125–127] and dilute BCC alloys [87, 91, 128–130], where the octahedral structure

is the highest energy of all SIA configurations or outright unstable. Interestingly, however,

octahedral self-interstitials are the most stable SIA configurations in hexagonal close-packed
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(HCP) metals [131–133]. However, unlike in HCP metals, octahedral SIA in Nb-Mo-Ta-

W are likely to be trapped in their geometric configurations, ultimately contributing to

a low overall mobility. Finally, no SIA structure was found to be stable in a tetrahedral

configuration, all converting to either ⟨111⟩ or ⟨110⟩ orientations.

Several studies have found that SIA and SIA cluster mobilities in complex concentrated

alloys to be significantly lower than those of pure metals and dilute alloys [134, 135]. This too

is the case in Nb-Mo-Ta-W, where SIA defects are seen to display diffusivities between 10−14

and 10−10 m2·s−1 in the 300-to-2000 K temperature interval (Fig. 2.7). Below 600 K, SIA

migrate one-dimensionally along ⟨111⟩ directions with an activation energy of 0.25 eV. This

is in opposition to the practically athermal (i.e., virtually zero migration barrier) crowdion

mechanism commonly found in pure metals, and seems to be owed to a transport mechanism

characterized by transitions across multiple trapping sites (perhaps even including octahedral

configurations). As the temperature increases above 600 K, SIA in Nb-Mo-Ta-W show an

inclination to undergo changes in orientation, resulting in an activation energy of 0.57 eV.

This higher energy likely includes the rotational energy barrier, which –to first order– can

be obtained as the difference between the activation energies in both temperature regions.

While such transformation from 1D to 3D-dominant migration is also common in pure metals

[101], it is often not so clearly revealed in Arrhenius plots as it is here, with two clearly

distinguishable regimes characterized by different pre-factors an activation energies. It is

reasonable to assume that such marked differences are directly related to the introduction

of chemical complexity into the alloy, as several studies in concentrated binary systems have

demonstrated [91, 92, 101].

In all, when taken in conjunction with practically zero vacancy mobility in the entire

temperature spectrum [136], we believe that SIA diffusivities may be too low, particularly

below 900 K, to quantitatively contribute to mass transport during irradiation in Nb-Mo-

Ta-W. This can lead to two diverging situations:

1. At or below 600 K, all damage produced in displacement cascades remains ‘frozen-in’
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inside crystal grains. This limits opportunities for microstructural evolution, such as

swelling, creep, etc., but is likely to lead to high hardening levels. This in turn will

result in potentially severe loss of fracture toughness (which is generally low at low

homologous temperatures in these materials to begin with). Optionally, the damage

energy will have to be relieved by a phase transformation or amorphization.

2. The second scenario involves delayed recombination and self-healing, aided by the

increased three-dimensionality of self-interstitial mobility in Nb-Mo-Ta-W above 600 K.

With sufficient time, this will favor recombination with vacancies and reduced damage

accumulation.

This could conceivably paint a scenario where the Nb-Mo-Ta-W alloy displays a sharp tran-

sition at 600 K from poor to excellent irradiation tolerance. It is interesting to note that the

temperature at which SIA atoms are mobilized is commonly taken as the starting point of

stage II in resistivity recovery experiments using isochronal annealing [137], which is gener-

ally in the vicinity of 120 K in pure refractory metals such as W [138]. Thus, a temperature

of 600 K would signify a significant departure in RMEA from those in standard recovery

stages during isochronal annealing in metals. Indeed, the limited experimental evidence

we have in irradiated refractory (BCC) RMEA reveals a complex picture, with self-healing

processes occurring in conjunction with amorphization and/or grain refinement [139–141].

From a thermodynamic point of view, this suggests that, at some critical dose, the high

relative energy associated with the creation of Frenkel pairs is more efficiently relieved by

other means of microstructural transformation. In any case, studies such as the present one

underscore the importance of continuing to investigate all aspects of irradiation damage in

complex alloys.

2.5 Conclusions

We finish with a summary of the main points of the chapter:
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1. We have studied the entire spectrum of SIA formation energies and the SIA diffusion

coefficient in Nb-Mo-Ta-W alloys. For this purpose, we have used a machine-learned

interatomic potential specifically designed for Nb-Mo-Ta-W.

2. The formation energies of SIA are seen to vary significantly depending on the atom(s)

involved in the defect. By far, Mo-containing SIA are the most frequently-occurring

defects. The least likely atomic species to be found forming part of a SIA are Ta and

W atoms.

3. The lowest energy geometric configuration corresponds to ⟨111⟩ split orientations. Oc-

tahedral Mo SIA are among the most stable structures, in contrast with BCC metals

(more in accordance with what is found in HCP metals).

4. We have found two clearly distinguishable temperature regimes where the SIA diffusion

changes dimensionality from 1D to 3D. We have calculated the migration energies and

diffusion pre-factors in both regions, from which we have extracted the translational

and rotational components of the defect migration. We find values of 0.25 eV and pre-

factors of ∼10−11 m2·s−1 at emperatures below 600 K, and 0.57 eV and ∼10−8 m2·s−1

between 600 and 2000 K, and estimate the rotational energy barrier at 0.37 eV.
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CHAPTER 3

Kinetic Monte Carlo (kMC) Modeling of Screw

Dislocation Motions in the Equimolar Nb-Mo-Ta-W

Alloys

3.1 Introduction

Refractory multi-element alloys (RMEA) are a special class of materials that generally crys-

tallize into a simple body-centered cubic (bcc) phase and are found to display exceptional

strengths to very high temperatures [16, 22–27, 66]. Among these, the equiatomic Nb-Mo-

Ta-W system has become a model alloy of the RMEA group due to its phase stability and

microstructural simplicity, making it an ideal experimental and computational test bed to

study mechanical behavior [7, 9, 16, 21, 66, 69]. While the deformation mechanisms of bcc

metals and their alloys are relatively well understood, theories that explain the behavior

observed in body-centered cubic RMEA have only recently begun to be developed [142–

146].While these theories are helpful in establishing the strength of the alloy to first order,

questions remain regarding aspects of dislocation motion in these materials. Of particular

interest is the role played by screw dislocations, due to their preponderant role in the general

theory of bcc plasticity, and how this role is modified in compositionally-complex settings

[145, 147–150]. For example, it is believed that chemical fluctuations reduce the importance

of kink-pair nucleation, shifting it instead to kink lateral motion. As well, it is yet not clear

what are the slip mechanisms leading to such high strengths at high temperature in certain

RMEA [1, 16, 52, 66, 69, 151, 152].
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To investigate the above points and to complement existing statistical theories, we sim-

ulate the motion of screw dislocations in equiatomic and Nb-Ta-V and Nb-Mo-Ta-W alloys

using a kinetic Monte Carlo model that has been previously applied to pure, dilute, and con-

centrated bcc systems [153–156]. The chapter is organized as follows. First, we provide the

theoretical framework for the kinetic Monte Carlo model. This is followed by a description

of the numerical implementation and modifications of the kMC simulator to adapt it to the

alloy of choice. We then calculate dislocation velocities and present results of the strength

of the alloy as a function of temperature. We finalize this chapter with a discussion of the

results and the conclusions.

3.2 Methodology

We use a kinetic Monte Carlo (kMC) model specifically developed to study the time dynam-

ics of long screw dislocation lines with Burgers vector b in bcc systems. Dislocations are

composed of connected discrete segments of finite length on a lattice oriented along the [111]

direction. The dislocation moves by (i) nucleating kink-pairs on any of the {110} planes be-

longing to the [111] zone, or (ii) lateral kink motion along the [111] direction on those planes.

Kinks are identified by their non-screw character, and are tracked in space and time diring

every iteration of the simulation. Stress fields are calculated using a non-singular isotropic

elastic formulation [157]. While kink segments are represented as straight edge segments for

visualization, for the calculation of internal stresses they are considered to extend over a

distance a along the [111] direction and thus deviate from the pure screw orientation just by

an angle of θ = arctan(h/a) ≈ 10◦, where h is the wavelength of the Peierls potential.

Simulations can be done with periodic boundary conditions or with finite-sized lines.

Unless otherwise noted, here we use dislocation lines of length L = 500b pinned at both

ends to mimic the operation of a Frank-Read source in the material. Shear stress is applied

such that the (11̄0) plane is always the maximum resolved shear stress (MRSS) plane. The
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method has been applied to pure W [158], W substitutional (5% at. Re) and interstitial

(0.1% at. O) alloys [154, 155]. Next, we present the aspects of the underlying theory that

are specific to Nb-Mo-Ta-W alloys. As explained in ref. [156], the model employed to describe

a multicomponent alloy involves the superposition of an effective substrate (often referred

to as the ‘average’ alloy) whose properties are taken as the compositional average of each of

the individual element properties, and a set of lattice atoms representative of the chemical

composition of the alloy. As such, the kink-pair nucleation enthalpy is written as a sum that

includes ‘solute’ interaction energies:

∆Hkp(τ) =
(
∆H0 +∆Eint

x→x+h

)(
1−

(
τ

τP

)p)q

(3.1)

where ∆H0 is the formation energy of a pair of isolated complementary kinks in the average

alloy, ∆Eint
x→x+h is the change of ‘chemical’ energy across one Peierls valley (i.e. between x

and x + h) on a given dislocation segment i (with length ℓi), τP is the Peierls stress of the

average alloy, and p and q are fitting parameters. The total nucleation rate on that segment

is then given by:

J i
kp(τ ;T ) = ν0

∣∣∣∣ℓi − w

b

∣∣∣∣ exp(−∆Hkp(τ)

kT

)
, ℓi > w (3.2)

where w is the kink separation in a kink pair, ν0 is an attempt frequency, k is Boltzmann’s

constant, and T is the absolute temperature. Similarly, kink motion is itself a thermally

activated process with activation energy equal to ∆Eint
y→y+b, i.e. the excess energy that results

when kinks move an amount b along the y (i.e., [111]) direction:

ωk(T ) = ν1 exp

(
−
Em +∆Eint

y→y+b

kT

)
(3.3)

where ν1 is an attempt frequency not necessarily equal to ν0, and Em is the migration energy

for kink translation. ωk(T ) represents the hopping rate of a kink segment going from a

position y to another y + b separated by a barrier ∆Ek and ‘corrected’ by a term ∆Eint
y→y+b

that reflects the local chemical environment. In eqs. (3.1)-(3.3), the dependence on stress

is through the resolved shear stress (RSS), τ , which is a scalar quantity that represents the
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local projection of the total stress tensor σ on the glide plane of the dislocation, including

non-Schmid effects if appropriate. σ contains contributions from the externally applied

stress and from the different dislocation segment stress fields, as described in refs. [157, 158].

Equations (3.2) and (3.3) are then sampled according to the kMC algorithm for any available

dislocation segment with length greater than w and for all existing kinks. Defined in this

way, ∆Hkp and ωk capture both elastic and inelastic effects, which allows for a rigorous

treatment of both dislocation segments and point defect-like entities such as kinks, cross-

kinks, vacancies, and self-interstitial atoms. The full list of variables for this purpose is given

in Table 3.1, along with their source.

In eqs. (3.1) and (3.3),∆Eint
x→x+h and ∆Eint

y→y+b represent the excess energies associated

with the change in chemical environment during the motion of dislocation segments. As

such, they are calculated for a specific spatial arrangement of lattice atoms, which must

reflect the chemical complexity of the alloy. Examples of these environments are given in

Figures 3.1a and 3.1b for the calculation of ∆Eint
x→x+h and ∆Eint

y→y+b, respectively.

3.3 Results

3.3.1 Stress-free dislocation line relaxations

We first study the ground state of long dislocation lines as a function of temperature. The

starting dislocation configuration is a straight line with a total length of 500b. We then

relax the lines by enabling thermally activated processes in the kMC model in the absence

of applied stress. Convergence is understood in a steady-state sense, i.e., when the concen-

tration of kinks is seen to just oscillate around a constant mean value [156]. The relaxed

configuration of the dislocations is highly tortuous at all temperatures, containing high con-

centrations of kinks and cross-kinks on multiple glide planes. An example is given in Figure

3.2a, which shows a section of the line at 900 K displaying a very complex structure. This is

consistent with the observation of ‘rough’ lines modeled in atomistic simulations of RMEA
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Table 3.1: Parameters needed for eqs. (3.1)-(3.3). The values for ∆H0 and τP are obtained

as weighted averages of the pure element values as calculated in ref. [2]. The image in the

rightmost column shows the relaxed structure of a screw dislocation dipole in the random

solid solution (only the dislocation lines are depicted). The length of the lines is equal to

80b. Several kink pairs can be seen to emerge in the ground state of the dislocation lines.

Symbol Value Units Source Configuration

a0 3.24 Å [136]

b
√
3/2 a0 -

µ 83.0 GPa [52]

ν0 0.09 THz [156]

∆H0 1.26 eV [2]

τP 1.41 GPa [2]

a 5 b this work

Em 0.43 eV [146]

w 5 b this work

p 0.5 - [159]

q 1.25 - [159]
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Figure 3.1: (a) View of the dislocation core along the [111] direction showing the minimal

atomic environment needed to capture all kink-pair nucleation events. The dashed polygons

represent the maximum extent of dislocation-atom interactions. (b) Spread of a single kink

along the [111] direction indicating the region over which the interaction energy is calculated.

For clarity, only atoms immediately surrounding the two adjacent Peierls valleys are shown.

The inset to the figure shows the variation of ∆Eint
y→y+b along a path of length 70b to showcase

the rough chemical energy landscape encountered by kinks during their motion.

[142, 160–162]. However, extracting the precise nature and location of the features that

contribute to this roughness in atomistic configurations is significantly more difficult.

We repeat this process 10 times with independent random seeds and count the number

of total kinks, nk, and cross-kinks. Note that the number of cross-kinks is a subset of the

total number of kinks. We then plot the statistical average and error bars of all the counts

at each temperature and plot the results in Arrhenius form in Figure 3.3.
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Figure 3.2: (a) Dislocation configuration after thermalization at 900 K. Kinks and cross-

kinks emerge spontaneously during equilibration on all available {110} planes. (b) Line

configuration after 1 µs of dislocation motion under 800 MPa of applied stress. Screw

segments are colored in gray. All other segments are color-coded according to their glide

plane. The size marker is common to both images
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Figure 3.3: Equilibrium concentration of kink pairs and cross-kinks per unit length in Burgers

vector units as a function of (inverse) temperature. Two regimes can be clearly appreciated,

each characterized by Arrhenius fits with energies of 0.003 and 0.016 eV at low and high

temperatures, respectively. Orange dots represent the equilibrium concentration of cross-

kinks as a function of T . Error bars are representative of the standard variation obtained

from 10 independent simulations at each temperature.
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Two temperature regimes can be clearly distinguished in the figure. At low T (blue

markers), the data points follow an Arrhenius expression with an activation energy of Ẽ =

0.003 eV, while at high temperatures (black dots), the best fit is given by an activation energy

of 0.016 eV. This contrasts with the kink-pair activation energies for the pure substances

and the average alloy given in Table 3.1, which are over one order of magnitude larger. Error

bars reflect the variability across the 10 independent cases. The first important implication

of these results is that kink pairs and cross-kinks may form practically spontaneously at

all temperatures (as indicated by the very low effective formation energies, Ẽ). In practical

terms, this removes kink-pair nucleation as the rate-limiting step in screw dislocation motion,

shifting it instead to lateral kink propagation and cross-kink dissolution. Second, kinks and

cross-kinks are seen to exist on multiple glide planes, often in opposite directions relative to

the original dislocation line. For this reason the dislocation predisposes itself to resist motion

by glide irrespective of the direction of such motion, i.e., regardless of where the maximum

RSS is applied. In other words, the glide stress must be sufficiently high to untangle the

dislocation line from features spread on non-glide planes in its ground state. This confers an

intrinsic strength to screw dislocation lines not found in their pure metal counterparts.

3.3.2 Velocity-stress relations

Next, we investigate the temperature dependence of the alloy strength using the line config-

urations obtained above as the starting structures for the kMC simulations. Stress is applied

on a primary (110) plane (i.e., the MRSS plane) and the velocity of the dislocation’s center

of mass is measured from the resulting displacement-time relations. The results are plotted

in Figure 3.4 at five different temperatures.
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Figure 3.4: Mean screw dislocation velocity as a function of resolved shear stress and tem-

perature for 500b dislocation lines. Dashed lines represent best fits to power laws of the type:

v(τ) = a (τ − τs-p)
m. Open circles correspond to simulations in pure W under the same con-

ditions at 300 and 900 K. Pure W simulations follow a perfect exponential velocity-stress

dependence, with no threshold stress at any temperature. The orange curve corresponds to

the ‘average’ Nb-Mo-Ta-W alloy at 600 K.

.

As the figure shows, a threshold stress is required to overcome the static self-pinning ef-

fect at each temperature. This stress, denoted by τs-p, is the manifestation of the hardening

associated with the equilibrium line configurations. Additionally, a strong dynamic harden-

ing effect arises from the formation of ‘debris’ loops during dislocation glide1. An example

is given in Figure 3.2b, which shows the instantaneous line configuration during dislocation

motion at 900 K and 800 MPa. Dynamic hardening is defined by a proportionality constant

a that modulates the effect of the glide stress on the dislocation velocity. τs-p and a are

1This distinction between static and dynamic threshold stresses was first proposed by Rodary et al. [163]
for Ni-Al alloys.
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obtained from power law fits to the data for each temperature of the expression:

v(τ) = a (τ − τs-p)
m , when τ > τs-p (3.4)

The parameters associated with each fit that give the velocity in meters per second are

given in Table 3.2. These curves are shown as colored dashed lines in Fig. 3.4. As Table

Table 3.2: Parameters of the power fits shown in Figure 3.4 according to eq. 3.4.

T [K] a m τs-p [MPa]

300 4.40× 10−9 0.79 123

600 7.80× 10−8 1.19 145

900 5.80× 10−8 1.76 100

1500 1.41× 10−5 0.91 90

2000 2.55× 10−6 1.36 100

3.2 shows, m hovers around unity, well below the exponential scaling typically seen in pure

bcc metals [158, 164] (which has been added to the figure for pure W as a comparison).

As discussed earlier, τs-p is directly related to the starting dislocation configuration, which

includes an intrinsic concentration of kinks and cross-kinks. This concentration increases

with temperature as indicated by the values given in Fig. 3.3. However, the combined

effect of stress and temperature helps ‘undo’ the existing kink pairs and cross-kinks on

planes different than the MRSSP. Thus, a competition between strengthening due to a high

concentration of steps on the line and a softening effect due to the undoing of these steps

ensues. The exception to this behavior is at 0 K, for which nkp = 0 and lines are perfectly

straight and therefore τs-p = 0.
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3.3.3 Temperature dependence of the dislocation critical stress

To obtain the total critical stress for screw dislocation motion as a function of temperature,

we follow the procedure used in ref. [155] and extract the stress at which the resulting

shear rate is 10−4 s−1 (typical laboratory strain rate). For this, we use Orowan’s equation

assuming a dislocation density of ρd = 1014 m−2, ϵ̇ = bρdv(τ). The critical stress at each

temperature, τ ∗(T ), is thus obtained as that at which the velocity is equal to v(τ ∗) = ϵ̇/bρd,

and consists of thermal and self-pinning contributions. As mentioned earlier, 0 K is the only

instance in which the self-pinning stress is equal to zero. The resulting τ ∗-T dependence is

shown in Figure 3.5. At low temperatures, the thermal component of τ ∗ is dominant, as

0
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0 500 1000 1500 2000

τ*
 [
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P
a
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total

thermal

self−pinning

MD (Yin et al.)

Figure 3.5: Temperature dependence of the critical stress for screw dislocation motion. The

total stress results from the additive effects of the thermal stress (due to thermally-activated

processes), and the self-pinning stress (due to the intrinsic line roughness under zero applied

stress conditions). Black dots correspond to MD results of the critical (threshold) stress

from ref. [1].

dislocation motion becomes controlled by kink propagation and de-pinning, both of which

display a strong temperature dependence. Thereafter, the thermal stress drops abruptly

with temperature and is overtaken by the self-pinning stress. This is mostly due to cross-

kink dissolution, which is a process unique to refractory multicomponent alloys such as the
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present one [146, 156, 165, 166]. The self-pinning stress increases modestly from its value of

zero at 0 K to its peak of 145 MPa at 600 K. It subsequently hovers around 100 MPa due to

the dual temperature effect of favoring higher concentrations of thermal kinks/cross-kinks

(see Fig. 3.3) as well as facilitating their ‘undoing’.

τ ∗ represents the critical resolved shear stress for dislocation motion and is thus a static

threshold stress that must be overcome before dislocation motion can be initiated. As indi-

cated above, however, once dislocation motion begins, a dynamic self-hardening effect sets

in, which results in pronounced line roughness and production of ‘debris’ loops of prismatic

character. Dynamic hardening is only limited by line topology and it can thus potentially

occur in pure metals, although only at very high strain rates and temperatures [153, 167].

Conversely, in RMEA it can take place at quasistatic deformation rates and room tempera-

ture or below [156, 168], which is one of the reasons why bcc multi-principal element alloys

are always stronger at low temperatures than any of its pure element constituents, including

the ‘average’ alloy (a fictitious pure metal whose properties are equal to the compositional

average of the individual element properties in the alloy). This behavior is consistent with

our previous study in Nb-Ta-V alloys [156], as is for Nb-Mo-Ta-W, demonstrated in Fig. 3.4

by the higher velocity of the average alloy at 600 K compared to the alloy.

3.4 Discussion

Our simulations indicate that the contribution of screw dislocations to the strength of Nb-

Mo-Ta-W alloys is only significant below room temperature. While this is consistent with the

standard picture of bcc metal plasticity, a nonstandard contribution in the form of a constant

remnant value of 100 MPa up to 2000 K is also observed. This is due to special features

that are unique to high-entropy alloys, namely, the role of compositional fluctuations in

eliminating the need for thermal activation at low temperatures as the driver for dislocation

glide. However, a collateral effect of such compositional complexity is the onset of line
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roughness. In turn, this gives rise to a ‘baseline’ strength associated with the almost athermal

existence of kinks and cross-kinks spread over multiple nonparallel glide planes. As stress

is applied to move the dislocation along a given direction, the applied stress first has to

overcome this intrinsic strengthening by undoing all these features.

It is worth noting that our kMC model works with random atomistic environments,

mostly representative of random solid solutions. So we do not discount additional strength-

ening effects associated with the onset of atomic order in the lattice, as it has been seen

in several other RMEA [1, 52, 146]. Likewise, the present model does not capture ‘hier-

archical’ energy landscapes, i.e., those characterized with energy minima at several length

scales [169, 170]. As such, the energy barriers considered in this study belong to atomic-level

transitions only. These transitions take place over a configurational landscape governed by

lattice distortions. In fact, to investigate the role that lattice distortion plays on static and

dynamic strengthening during dislocation glide, we have conducted a preliminary study of

dislocation dynamics in the equiatomic binaries Nb-Ta (similar a0) and Nb-W (dissimilar a0)

systems, noting that even a reduced lattice parameter mismatch is still sufficient to induce

changes conducive to extra strength relative to a pure system.

In terms of comparison with MD simulations, the results by Yin et al. [1] include detailed

velocity-stress relations for the random equiatomic Nb-Mo-Ta-W system using the same

interatomic potential employed in this work. However, the velocities obtained by MD are

almost four orders of magnitude higher than those predicted with kMC. The differences

that might contribute to such large differences have been amply discussed in the literature

[158, 171–173], and can be attributed to MD’s inability to probe dislocation lines sufficiently

long to develop the kind of stress-free configurations obtained here. Interestingly, however,

the general dependence of the dislocation velocity on stress is quite similar in both cases

(quasi-linear). As well, the threshold stresses obtained by MD simulations –added as black

dots for comparison in Fig. 3.5– are substantially larger than those computed here.

Finally, in light of the inability of screw dislocations to provide strength at medium and
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high temperatures, the attention is turning to edge dislocations, whose role in RMEA plas-

ticity is being actively investigated [174–178]. Indeed, a comprehensive model of refractory

multielement alloys in the entire temperature range must include both contributions, which

is the subject of ongoing work by the authors as well.

3.5 Conclusions

To summarize this chapter, we have extended a kinetic Monte Carlo model of thermally

activated screw dislocation kinetics to equiatomic Nb-Mo-Ta-W alloys. The model calcu-

lates all the necessary interaction energies from the local atomistic environment around the

dislocation line, using values obtained a priori from data-fitted interatomic potentials. Com-

positional fluctuations lead to high concentrations of kink pairs and cross-kinks (defined by

formation energies of only a few meV). This leads to highly-tortuous equilibrium line con-

figurations characterized by the presence of kinks and cross-kinks spread over multiple slip

planes, effectively pinning the line prior to the application of glide stress. The key to the

strengthening mechanism observed in our simulations is the balance of two competing pro-

cesses: (i) a strengthening effect due to the existence of thermal kinks and cross-kinks in

equilibrium, and (ii) a softening effect driven by cross-kink annihilation. Both of these are en-

hanced as temperature increases, resulting in a baseline strength of ≈ 100 MPa that extends

up to 2000 K. Finally, dislocation velocities are seen to display power law type dependencies

with applied stress. These laws are defined by exponents close to unity, signifying a marked

departure from the exponential dependence observed in pure bcc metals.
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[55] A. Fernández-Caballero, J. S. Wróbel, P. M. Mummery, D. Nguyen-Manh, Short-range

66



order in high entropy alloys: Theoretical formulation and application to mo-nb-ta-v-w

system, Journal of Phase Equilibria and Diffusion 38 (4) (2017) 391–403.
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