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ABSTRACT

Fracture Behavior of Advanced Structural Materials
by
Joseph Aaron Lemberg
Doctor of Philosophy in Engineering — Materials Science and Engineering
University of California, Berkeley
Professor Robert O. Ritchie, Chair

Further development of ultra-high structural applications requires new
materials that can withstand the extreme environments found in power-
generation turbines. Highly refractory materials capable of high strength at
temperatures in excess of 1100°C are either inherently brittle (Al2Os, SisNa) or
cannot survive at such temperatures in oxidizing atmospheres (Mo, Nb). Brittle
materials may be toughened with the addition of a more ductile phase. Materials
that do not form protective oxide layers can be alloyed with Si to form more
protective silicate scales. A problem still remains as to how dissimilar materials
like Al2Os and SisN4 can be joined. A brief discussion of the fracture behavior of
ductile-phase-toughened nanocrystalline Al:Os (Chapter 1) and functionally-
graded material joints of Al2Os and SisNs (Chapter 2) will precede an in-depth
exploration of fracture in two Mo-Si-B intermetallic alloys (Chapters 3 & 4).

Chapter 1: Al2Os-based nanocomposites were fabricated and consolidated
via spark plasma sintering. The influence on the fracture behavior of
nanocrystalline AL:Os of single-walled carbon nanotube (SWCNT) and Nb
additions were examined by in-situ bend testing within a scanning electron
microscope. The addition of 10 vol.% Nb to nanocrystalline Al2Os provided
substantial improvement of fracture toughness (6.1MPaVm)—almost three times
that of unalloyed nanocrystalline Al:Os. Observation of cracks emanating from
Vickers indents, as well as bend specimen fracture surfaces, reveal the operation
of ductile phase toughening in the Nb—Al:Os nanocomposites. Further addition
of 5 vol.% SWCNTs to the 10 vol.% Nb-ALOs revealed a more porous structure
and less impressive fracture toughness. The SWCNTs, initially added to form
uncracked ligament bridges spanning the crack which would carry load and
shield the crack tip from the full extent of the remotely-applied load, acted as



crack initiation sites and overwhelmed any toughness gains afforded by the
ductile Nb grains.

Chapter 2: Nominally crack-free Al:Os- SisN4 joints, comprised of 15 layers
of gradually differing compositions of Al20s/SisNs, have been fabricated using
SiAION polytypoids as functionally graded materials (FGM) bonding layers for
high-temperature applications. Using flexural strength tests conducted both at
room and at elevated temperatures, the average fracture strength at room
temperature was found to be 437 MPa; significantly, this value was unchanged at
temperatures up to 1000°C. Scanning electron microscopy (SEM) observations of
fracture surfaces indicated the absence of any glassy phase at the triple points.
This result was quite contrary to the previously reported 20-layer Al:Os/SisN4
FGM samples where three-point bend testing revealed severe strength
degradation at high temperatures. Consequently, the joining of Al2Os to SisN4
using functional gradients of SiIAION polytypoids can markedly improve the
suitability of these joints for high-temperature applications.

Chapters 3 & 4: New alloys based on borosilicides of molybdenum have
been considered as potential replacements for current Ni-base superalloys, as
they show promise as highly oxidation- and creep-resistant materials while still
maintaining a moderate level of damage tolerance. Two alloys, each composed of
Mo-35i-1B (wt.%) with nominally similar fine-grained microstructures, have
been developed utilizing markedly differing processing routes. Here, we study
the influence of processing route on the fracture toughness of alloys containing
~55 vol.% ductile a-Mo and ~45 vol.% brittle intermetallics (M0sSi and MosSiB2
(T2)). The room-temperature toughness of these two alloys is significantly lower
than that previously evaluated coarser-grained Mo-Si-B alloys with similar
composition; however at 1300°C, the crack-initiation toughness of the fine- and
coarse-grained alloys are nearly identical. At lower temperatures, the current
finer-grained materials behave in a brittle manner as the smaller grains do not
provide much impediment to crack extension; cracks can advance with minimal
deflection thereby limiting any extrinsic toughening. Plastic constraint of ductile
a-Mo grains from the hard intermetallic grains also serves to lower the
toughness. At 1300°C, the increased ductility of a-Mo allows for significant
plasticity; the correspondingly much larger contribution from intrinsic
toughening results in significantly enhanced toughness, such that the finer grain
morphology becomes less important in limiting crack-growth resistance.
Optimization of these alloys is still required, however, to tailor their
microstructures for the mutually-exclusive requirements of oxidation resistance,
creep resistance and damage tolerance.
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up the flank of the grain, a process known as “stalling.” This process is highly
energetically unfavorable and a large driving force is required, J°. The stresses
that build during the stall phase can be large enough to reinitiate a crack in the
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tip from the full extent of the remotely applied load. A new driving force, J*, is
required to continue crack propagation. In this way, a ductile-phase toughened
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initiation toughness for the fine and medium microstructures as compared to the
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Chapter 1 : In-situ bend testing of Nb-reinforced Al-O3
nanocomposites with and without the addition of single-
walled carbon nanotubes

1.1 Introduction

Recently, controversy has grown over whether the addition of carbon
nanotubes to nanocrystalline alumina (Al:Os) benefits the brittle ceramic’s
mechanical properties, specifically its fracture toughness.'* However, it is clear
that the addition of carbon nanotubes can add electrical and thermal
conductivity to an otherwise insulating material. The carbon nanotubes that
primarily reside at the grain boundaries of Al:Os provide an effective matrix of
conducting pathways.® If the fracture toughness can be improved, ceramic matrix
composites hold great promise for use in structural and load bearing
applications. Ceramic matrix composites possess superior chemical inertness,
higher hardness, and lower densities than metals and their alloys. Furthermore,
ceramic matrix composites with nanocrystalline matrices have superior strength
and hardness properties over their microcrystalline counterparts. Unfortunately,
the monolithic fracture toughness of the nanocrystalline ceramic matrices is
significantly less than those in the microcrystalline regime. For example,
microcrystalline AL:Os has an intrinsic fracture toughness of ~3.3 MPaVym—as
compared to about 2.3 MPavm for nanocrystalline Al2Os.6

The addition of ductile phases such as metals to ceramic matrices has been
proven to be an effective toughening mechanism.” The potential toughening
benefits are twofold. The intrinsic (crack initiation) toughness of the material is
increased as energy is dissipated from the propagating crack through two
different phenomena: crack blunting at the ductile particle and/or absorption of
energy through the deformation of the ductile phase. Both phenomena relieve
the stress field around the crack tip. The extrinsic (crack growth) toughness of
the material can be increased if uncracked ductile regions are left in the crack
wake. These uncracked bridges can carry load and serve to shield the crack tip
from the full extent of the remotely applied stress field. As will be elaborated
upon in Chapters 3 & 4, the accumulation of uncracked ligaments with crack
extension leads to a phenomenon known as rising R-curve behavior. A growing
crack leaves an increasing number of uncracked ligaments, each which serves to
carry some load and shield the crack tip from the remotely applied stress.



One of the motivations for adding carbon nanotubes to nanocrystalline
AlQO:s is the potential for fracture toughness gains which arise from fiber
bridging. Toughening is achieved when the fibers either shed load from the
crack tip while remaining intact, debonding between the fiber and the matrix
followed by fiber pullout, and/or fracture of the individual fibers followed by
energy absorption through pullout of the broken fiber. Another toughening
mechanism that is quite common in fiber-reinforced composites is crack
deflection.® This occurs in situations in which the fiber is significantly stronger
than the matrix and the fiber is favorably oriented as to allow for the crack
propagation direction to proceed away from the axis of highest stress. Crack
growth then becomes a competition between the direction of maximum driving
force and the preferred microstructural pathway.? Commonly, the crack deflects
to a less efficient cleavage plane directed by the longitudinal direction of the
tiber. This scenario leads to increased fracture energy through increased surface
area and lower driving forces due to the reduced resolved normal stresses at the
crack tip.!° As a result, the extrinsic toughness of these materials can be
increased. However, for this mechanism to be truly effective, the fibers must be
highly aligned. It should be noted that extrinsic mechanisms are the only way to
increase the toughness of brittle materials, as materials such as Al2Os lack the
capability for significant plasticity (and thus intrinsic toughening).

Here, the mechanical properties of nanocrystalline Al:Os reinforced with
Nb, both with and without single-walled carbon nanotubes (SWCNTs), are
examined. Mechanical bend testing conducted within an SEM, as well as ex-situ
indentation testing, was used to reveal the extent of ductile phase toughening
afforded by the addition of 10 vol.% Nb to nanocrystalline Al2Os. In addition,
these same methods were used to study the failure mechanisms present when 5
vol.% SWCNTs was introduced to the Nb-Al:Os system. The powder processing
and spark plasma sintering processes used by Thomson, et al.!! to manufacture
samples for mechanical testing are summarized below.

1.2 Experimental procedures

1.2.1 Powder processing of Nb/Al:Os and Nb/SWCNT/ALOs
nanocomposite powders

As-received Al:Os powder (a and y phases, 45 nm, Baikowski
International Corp.), the appropriate amount of 90 wt.% Nb (99.85% purity, 74
um, Goodfellow)-10 wt.% Al (99.5% purity, 45 um, Johnson Matthey Electronics)
alloy to yield a 10vol.% Nb/Al:Os composition, and 1 wt.% polyvinyl alcohol
(PVA) were mixed by hand prior to high-energy ball milling (HEBM). Al was
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added to reduce the surface oxide of the Nb particles and PVA was added to
prevent severe powder agglomeration. This powder mixture was placed in a
tungsten-carbide (WC) vial and HEBMed for 24 h using one WC ball. The
composite powder was heat treated (at 350 °C for 3 h in vacuum) to remove the
PVA before further processing was performed.

The Nb/Al:Os composite powder was ultrasonicated for 15 minutes in 500
ml of ethanol. The slurry was then added to a polypropylene bottle with 280 g
(33 vol.%) of zirconia ball media and wet-milled (130 rpm) for 24 hours. For the
composites containing carbon nanotubes, the appropriate amount of SWCNTs
(~90% purity, Carbon Nanotechnologies Inc., Texas) was weighed out. The
SWCNTs were produced by the HiPco process and had diameters of 0.8-1.7 nm
and length of up to 1um. During final minutes of the previously mentioned wet
milling, 8 ml of Nanosperse (an organic surfactant made by NanoLab) was
stirred into 150 ml of deionized water. The SWCNTs were added to this solution
and ultrasonicated for 5 minutes. The wet-milled slurry was slowly added to the
dispersed carbon nanotube solution while ultrasonicating. The resulting mixture
was added back into the polypropylene bottle and wet-milled for an additional
24 hours.

In both cases, the Nb/Al:Os and Nb/SWCNT/ALQO:s slurries were taken off
the wet-mill, ball media separated, sieved through a 150 pm mesh, and placed
into medium sized glass beaker. A magnetic stir bar was added and the slurry
was dried on a stirring hotplate. Once dry, the agglomerates were broken up

with a mortar and pestle and sieved through 150 pm mesh. In the case of the
Nb/SWCNT/ALOs powders, the dispersant was baked off at 450 °C for 4 hours.

1.2.2. Spark plasma sintering (SPS)

Consolidation was performed under vacuum in a Dr. Sinter 1050 SPS
machine. The following processing parameters were used: 105 MPa of applied
pressure, and “on” pulse of 12 cycles of 2 ms each and a “off” interval between
pulses of 2 cycles, a maximum pulse settings of 5000A and 10V, and a pressure of
105MPa. An optical pyrometer was used to measure temperature and a heating
rate of 125 K/min was used from room temperature to 600 °C. From 600 °C to the
desired final set point (1200-1300 °C in this study), heating rates ranged from 150
K/min to 233 K/min. SPS consolidation yielded fully dense (98 + %TD) samples
tit for microstructural characterization and mechanical testing. Density was
determined via Archimedes method and consolidated samples had dimensions
of 19 mm in diameter and 3 - 4 mm in thickness.



1.2.3. Mechanical testing and characterization

Samples were polished to 0.5um surface finish and cut into beams having
dimensions of 3 mm x 4 mm x 19 mm. The beam samples were pre-notched using
a diamond saw, followed by an automated razor blade with 1 pm diamond paste
to (a/W) ratio of 0.25-0.5 with a radius of curvature a the notch root of ~5 um.
The extreme brittleness of the material frustrated fatigue pre-cracking. Asa
result, the toughness values reported will be slightly elevated. Sample
preparation procedures were made in general accordance with ASTM STP 1409,
excepting for the use of a radiused micro-notch instead of a fatigue pre-crack.!?
The pre-notched beams were tested in three-point bending within a Hitachi S-
4300SE/N scanning electron microscope using a Gatan Microtest 2000 test
assembly. Crack propagation was observed under a 0.55 pum/s loading rate and
the breaking load was recorded. Fracture surfaces were analyzed in a FEI XL-30
SFEG scanning electron microscope. For comparison, the fracture toughness of
the nanocomposites was also calculated using the indentation method using a
standard Tukon microhardness tester equipped with a diamond Vickers indenter
and 2.28 kN load. A Buehler light microscope and ANALYSIS program was used
to measure the cracks emitted from the indentations. While Vickers indentation
fracture testing does not provide particularly accurate toughness data,®® the tests
are useful for studying crack propagation mechanisms in ceramic matrix
composites.

1.3. Results and Discussion

To establish a baseline for comparison, a pure Al:Os sample (slightly
larger grain size of 1.4 um) was fabricated and tested using identical procedures.
In three-point bending, the fracture toughness was 3 MPaVm. The matrix grain
size greatly decreases when Nb and/or SWCNTs are added, as frequently
observed in ceramic matrix composites.! 1°

1.3.1 10 vol.% Nb-Al-Os nanocomposites

Vickers indentation revealed a hardness of 22.9 GPa. Observation of the
indents made in the 10-AL:Os show that the Nb regions are effective at stopping
propagating cracks. Crack blunting can be seen on the right corner of the indent
in Fig. 1.1 where the crack intersects a Nb particle. This result is consistent with
ductile phase toughening theory, as explained in more detail in Chapters 3 & 4.
Clearly, HEBM produces a large size distribution of Nb particles—many much
tiner but others close to the as-received 74 um particle size. Residual porosity is
also apparent in some regions.



Although stable crack growth was not observed in the in-situ bend
testing, the Kic value obtained from the breaking load was 6.1 MPaVm. This
initiation toughness value is likely somewhat inflated as a result of using a
notched sample.'® Analyses of the post-mortem fracture surfaces indicate two
distinct failure modes of the Nb particles, both of which are apparent on the Nb
particle in Figure 1.2. First, some of the Nb regions completely debonded from
the brittle Al2Os matrix. In some cases, imprints of the small Al:Os grains can be
seen in the region of debonding. Second, it is apparent that the majority of the
Nb particles tended to fracture in a brittle manner as is typical at room
temperature for body-centered cubic, high melting point metals such as Nb.
Cleavage fracture and the presence of river lines indicate that the Nb particles
ultimately failed without much plasticity. However, the resulting bend fracture
toughness of 6.1 MPaVm indicates that the Nb regions did indeed absorb some
energy from the propagating crack. Since this energy was not used to plastically
deform the Nb, the crack propagation resistance is attributed to crack blunting
and crack bridging. Such crack-tip shielding toughening mechanisms were also
observed by other investigators in Nb/NbsAl composites.!”

The justification for in-situ testing was to directly observe Nb particles
bridging the crack wake as the crack extended. Stable crack growth was not
observed in any of the notched samples, partially the result of no fatigue pre-
crack. Therefore, a half-chevron-notched sample (the crack grows into an
increasing wedge of material and thus a decreasing K-field situation) was
produced and tested under identical conditions. Even in this extreme scenario,
no stable crack growth was observed. Comparison of the last image taken before
fast fracture and the image of the broken sample indicated that the crack that
resulted in failure was on the order of a few microns. Thus, any R-curve behavior
occurs within the first few microns of crack growth and could not be resolved in
this experiment.

1.3.2. 10 vol.% Nb-5 vol.% SWCNT-ALOs

Measurement of the cracks emanating from the indents made in 10 vol.%
Nb-5 vol.% SWCNT-ALOs was much more difficult due to the increased porosity
(~1.5 vol.%) and the dark color of the carbon nanotube agglomerates. Scanning
electron microscopy (SEM) analysis revealed that the majority of carbon
nanotube agglomerates were sub-micron with sizes ranging from a single
nanotube bundle to larger agglomerates with widths of ~1um. A representative
indent is shown in Figure 1.3. Measurements of the indents revealed a lower
hardness (19.3 GPa) than the 10 vol.% Nb-ALOs system.



It is possible that nanotube agglomerates were mistaken for a continuing
crack. This is the disadvantage of using the indentation method to determine the
fracture toughness of a composite and one of the reasons for discrepancies in
literature. In comparison of Figs. 1.2 and 1.3, it appears that the Nb regions
played less of a role in stopping the propagating cracks in the system in which
the carbon nanotubes were introduced. The reason for this difference is unclear,
though it is likely that the much smaller Nb particles near the indent in Fig. 1.3
were much less effective at retarding crack propagation.

In-situ bend testing revealed a fracture toughness of 3.3 MPaym.
Comparison of both the indentation and bend test fracture toughness of pure
Al2Os and the Nb-SWCNT-AL:Os nanocomposite reveals little or no improvement
of fracture toughness with the addition of both Nb and carbon nanotubes. In fact,
the addition of carbon nanotubes appeared to negate any toughening by Nb seen
in the Nb-ALQO:s system. The very brittle SWCNTSs, which act as crack initiation
sites, cause the decline in toughness. Of note is the increased porosity
surrounding the carbon nanotube agglomerates. While this porosity would
serve to lower the strength of the material, increased porosity could improve the
intrinsic toughness of the material by blunting an advancing crack. A crack
which penetrated a pore would need to reinitiate on the opposite side of the
pore, thus raising the toughness.

The distribution of pores is closely tied to the distribution of carbon
nanotubes. Consequently, a more uniform dispersion of carbon nanotubes
would result in a more homogeneous distribution of pores. This porosity seems
to be unavoidable because of the limitation of SPS temperature due to the
presence of carbon nanotubes. Previous work revealed that the structure of
carbon nanotubes begin to break down at SPS temperatures above 1150 °C.*
Thus, in order to obtain as dense a specimen as possible, the hold time at 1200 °C
was extended to 5 minutes, resulting in only a 98.5% dense sample.

The fracture surfaces of the 10 vol.% Nb-5 vol.% SWCNT-ALO:s
nanocomposites show a slightly larger grain size than the Nb-AL:Os system due
to the increase in SPS hold time (Figure 1.4). The carbon nanotubes are present in
the A:Os grain boundaries as well as between the Nb particles and the AL2Os
matrix. Agglomerates of carbon nanotubes ranged from tens of nanometers to a
few micrometers in width. As with the Nb-Al:0Os material, brittle failure of the
Nb particles was also observed this system. The majority of cracks and pores
were seen at the Al2Os-carbon nanotube interfaces and crack bridging was seen
in only very few circumstances.



A number of factors limit the toughening capability of these
nanocrystalline composites, especially in the case of those composites containing
SWCNTs. Agglomerates of SWCNTs and the associated porosity are very
detrimental. While small amounts of porosity are particularly not harmful on
their own (as they serve as defacto crack blunting events), coupled with the easy
crack reinitiation afforded by the brittle agglomerates of SWCNTs (which act as
very brittle carbide inclusions), residual porosity within the material negates any
increases in toughness. Were the SWCNTs aligned along the loading direction,
and more finely dispersed, some degree of fiber bridging would be possible, but
at present, SWCNTs limit the toughness of these composites.

Another factor limiting the toughness of these nanocomposites is plastic
constraint at the crack tip. As will be further discussed in Chapters 3 & 4, a high
volume fraction of hard AL:Os limits the ability of the ductile Nb inclusions to
plastically deform. As a result, crack blunting and especially ductile ligament
bridging are severely limited.” In such situations, the toughness exhibited by the
material can be considerably less than would be expected by a simple rule of
mixtures calculation.

1.4 Summary

Al2Os-based nanocomposites containing Nb with and without carbon
nanotubes were synthesized with advanced powder processing techniques and
consolidated via spark plasma sintering. The fracture toughness was measured
using both indentation and three-point bend techniques. Nanocrystalline Al:Os
has a very low fracture toughness of ~2.5 MPaVm. The largest degree of
toughening occurred when 10 vol.% Nb was added to nanocrystalline Al2Os,
raising the bend fracture toughness to 6.1 MPaym. However, when 5 vol.%
SWCNTs were added to this system the bend fracture toughness fell to 3.3
MPaVm. The decrease in fracture toughness is attributed to the increase in
potential crack initiation sites in the carbon nanotube-containing nanocomposite.
The 10 vol.% Nb-AlL:QOs system holds promise for load bearing applications. On
the other hand, the carbon nanotube-containing system would be ideal if a
conductive ceramic without degraded fracture toughness is desired. In-situ bend
testing was conducted with the premise of observing stable crack growth and
obtaining the R-curve of toughened Al:Os nanocomposites. Even in an extremely
bias-notched sample, no stable crack growth was observed. Analysis of the last
SEM image taken before catastrophic failure of the 10 vol.% Nb-AlL:QO:s bias-
notched sample suggested that the crack that caused failure was on the order of a



few microns. Therefore, if any R-curve behavior exists, it is within the first few
microns of crack growth.
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1.6 Figures

Fig. 1.1: Optical micrograph of an indent on 10 vol.% Nb-ALQ:s surface showing the effectiveness
of the Nb regions (white) at stopping crack propagation. Two methods of toughening are visible:
uncracked ligament bridging (extrinsic toughening mechanism) and crack blunting (intrinsic
toughening mechanism).
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Fig. 1.2: SEM image of 10 vol.% Nb-ALO:s fracture surface (Au-coated) displaying two modes of
failure: particle debonding (arrow) and cleavage fracture. The crack grew from the bottom of the
image towards the top. The initial notch can be seen at the very bottom of the image.
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Fig. 1.3: Optical micrograph of an indent on 10 vol.% Nb-5 vol.%SWCNT-ALOs surface.
Measurement of the cracks emanating from the indent was complicated by the presence of the
black nanotube bundles. The much smaller Nb particles (white) in the region around this indent
are much less effective at trapping the crack. The advancing crack is able to pass through or
deflect around the small Nb grains without a large increase in energy. This behavior highlights
the importance of microstructure for developing toughness in these materials.
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Fig. 1.4: SEM image of 10 vol.% Nb-5 vol.% SWCNT-ALOQO: fracture surface (Au-coated) revealing

similar brittle failure of a Nb particle and carbon nanotubes (appear as small particles) at the
AlOs grain boundaries.
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Chapter 2 : Mechanical properties of SisNi-Al203
functionally graded materials (FGM) joints with 15 layers
for high-temperature applications

2.1 Introduction

Although there are numerous joining techniques, achieving sound bonds
between dissimilar materials using the functionally graded materials (FGM)
method is commonly used because it achieves a gradual compositional change
from one type of joint element to the other, thereby avoiding a singularity at the
interface. Functionally graded materials consist of a spatially-varying composite
microstructure designed to optimize performance through a corresponding
property distribution.! A graded interface can minimize the differences in
properties from one material to another. Minimizing such property differences
between two joining materials becomes especially pertinent for brittle materials
where the tolerance for property mismatch is negligible. Since ceramic materials
invariably display little or no plastic deformation, small differences in the
coefficient of thermal expansion (CTE) can result in cracking during processing
and premature failure of the joint. To mitigate this problem, FGM joining
techniques can be used to create a quasi-continuous change in composition from
one side of a joint to the opposite side, with an accompanying gradient of
thermal expansion properties. Consequently, the use of such a graded junction,
rather than an abruptly changing bond layer, presents a feasible method for the
effective joining of dissimilar ceramics with widely differing CTEs.

To date, the concept has been successfully demonstrated with the SIAION
polytypoid functional gradient joining of Al2Os and SisN4, using 20 individual
Al20s/SisN4 layers of gradually varying composition.? Across this composition
gradient, a phase transformation takes place in the SiAION polytypoids nearest
to the Al:Os-rich area. A transformation from the 12H structure (a repeating unit
of 12 hexagonally-packed layers) to the 15R structure (a repeating unit of 15
rhombohedrally-packed layers) serves to relieve lattice mismatch stresses. These
polytypoids are physically and chemically compatible with both SisNs and AL:Os,
and form in wurtzite-like structures.’ Since metal-nitrogen bonding is in general
more covalent than metal-oxygen, there is freedom to vary the covalent:ionic
bonding ratios in a variety of structures.* The relationships between Si-Al-O-N
condensed phases are represented by the quaternary phase diagram (Fig. 2.1);
any point in the square diagram SisNs-AlsOs-AlsNs-SisOs represents a
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combination of 12* and 12" valences where the components adopt their usual
valance states (i.e. Si**, Al**, N> and O*). A polytypoid is defined as a faulted
structure in which the fault periodicity depends on composition through the
cation/anion ratio. Differing fault periodicities (and thus layer stacking
sequences) lead to changes in the polytypoids’ cation/anion ratios, and also result
in different coefficients of thermal expansion.

Relieving the lattice mismatch has resulted in a macroscopically crack-free
FGM.25 The mechanical properties of these crack-free FGM joints have been
tested at room and high temperature. As materials, ceramics are widely used for
many applications that require high melting temperatures, high-temperature
strength, good wear resistance, and chemical stability.® For structural
applications, ceramics often display only minimal degradation in strength and
fracture resistance at temperatures up to, and often above, 1000 °C. This behavior
is in sharp contrast to most metallic structural materials, which invariably soften
at higher temperatures. It is this retention of mechanical properties at elevated
temperatures which identifies ceramics as preferred candidate materials for
many structural applications, although their limited ductility and toughness at
lower temperatures often frustrates their actual use.

SisN4 ceramics have often been the preferred candidates for such
structural applications owing to their high strength and particularly high
toughness relative to most other ceramic materials. To join SisN4 to other
ceramics, specifically Al2Os, SiIAION polytypoidal functional gradients can be
used since SiAION polytypoids are physically and chemically compatible with
both materials;” moreover, SiAION polytypoids are attractive joining materials
since they have CTE values between those for SisNs and ALOs. It was the
objective of the work presented here to use such FGM joining techniques to bond
SisNs to AL:Os and specifically to evaluate the strength of the corresponding
dissimilar ceramic joints, both at room (25 °C) and elevated (1000 °C)
temperatures.

The room and high-temperature strengths of FGM Al2Os/SisN4 joints
which have been optimized through thermodynamic simulation are compared
with previously reported results for these two materials where the FGM joining
techniques were not optimized. The ultimate aim is to discern whether such
FGM bonding procedures can actually produce Al:0Os/SisNs joints suitable for
high-temperature structural applications, where high strength and moderate
toughness are required.
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2.2 Experimental Procedures

2.2.1 Material fabrication of optimized joint

The processing and characterization methods used to generate the layered
FGM ALOs/SisNsjoints were similar to those described in detail by Lee, et al.> A
powder stacking method was used to produce 15 layers with varying
AlOs/SisNs composition and thickness, prior to hot pressing to sinter the
multilayered FGM's. The optimal thickness of each layer was determined using
simulation results.® 6 wt.% Y20s and 2 wt.% ALl:Os were added as sintering
additives to aid in the sintering of SisN4; 3 wt.% Y203 was used as a sintering
additive for the polytypoid powders.” SisN4 powders from Grand C&M with a
particle size ranging from 0.3 to 0.5 um were used, together with Al.Os powders
from Tamicron industries with a particle size ranging from 0.16 to 0.3 um; 12H
SiAION polytypoid powders were obtained from Novel Technologies. Powders
of each composition were mixed in a solvent of isopropanol then agitated using
an ultrasonicator to prevent agglomeration. The powders were dried, sieved then
stacked layer by layer in a cylindrical 25-mm diameter mold. The green body
was pressed using a cold press to 38 MPa for 8 min. The green body was sintered
using a hot press at 1700 °C for 2 h at a pressure of 38 MPa in flowing nitrogen
gas to prevent decomposition of the SisNs. A schematic of the experimental setup
is shown in Fig. 2.2.

Simulations were performed to determine the optimum thickness of each
layer necessary to minimize residual stresses and CTE mismatch across the FGM
joint.® The composition and thickness of each layer is presented in Table 3.1. As a
result of this optimization, the SisNs—polytypoids—Al20s FGM could be processed
crack free (Figure 2.3). Transmission electron microscopy (TEM) [JEM-3010, used
voltage at 300 keV] was used to examine the microstructures, specifically to
identify different phases at the various regions along the interface of the
dissimilar ceramic joint.

2.2.2 Strength Characterization

Three-point bend tests were conducted at room (25 °C) and high
temperatures (1000 °C) to determine the strength of the joint as a function of
temperature. The test jig was designed specifically for testing unnotched
rectangular cross-section beam specimens which were 3 mm x 4 mm x 10 mm
and employed an upper loading span length of 8 mm (Figure 2.4). Loading was
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performed in displacement control at constant displacement rates of 0.6 mm/min
and 6 mm/min with an MTS 810 computed-controlled servo-hydraulic testing
machine equipped with a Centorr Testorr furnace. Elevated temperature tests
were conducted in an overpressure of gaseous argon to prevent degradation of
the SisNs. Samples were heated at 10 °C/min, and held at 1000 °C for 1 h to allow
for thermal homogenization in the sample. Five separate samples were evaluated
for each data set. All measured strength data were compared with those for the
previous 20-layered FGM Al:Os/SisNs samples.? After testing, all fracture surfaces
were observed using a scanning electron microscopy (SEM) [Hitachi S-4800,
secondary electron mode].

2.3 Results and Discussion

2.3.1 The optimized crack-free joint

Figure 2.3 shows an optical image of the optimized crack-free joint with 15
layers. TEM images of this FGM sample are shown in Figure 2.5 (a) and (b). In
the SisNs-rich region, only SisNs and 12H polytypoid were found, whereas in the
AlQOs-rich region, only Al:Os and 15R polytypoid were found. The average size
of a 12H polytypoid grain is approximately 0.3 um in width and 1.3 um in
length. The average size of a SisNa grain is ~0.3 um in width and ~1 pm in length,
similar to that of the 12H polytypoid. In the Al:Os-rich areas, the average size of a
15R polytypoid grain is ~0.1-0.2 um in width and 1 pm in length, as shown
in Figure 2.5(b). These micrographs indicate that no undesirable reaction took
place between the SisN4, the AL2Os or the polytypoids, which agrees with the
behavior expected from the Si-Al-O-N quaternary phase diagram.> As shown
in Fig. 2.1, 15R is the most chemically similar polytypoid to Al2Os and the most
similar polytypoid to SisNs is 12H. This trend in the polytypoid transformation
from 12H to 15R as the ratio of cation to anion for those polytypoids decreases is
exactly as predicted from the phase diagram (Fig. 2.1). The present approach can
be applied to a wide range of ceramic systems including superconductors.’ The
center of the FGM sample where 12H/15R interface is located (A-B line
from Figure 2.1), may in fact be mixtures of these polytypoids. Therefore, a sharp
interface at the center of the FGM could not be resolved. Table 2.I shows the
composition and layer thickness of sintered FGM joint.

Table 2.I: Composition and layer thickness for FGM joint

Layer Composition Layer Thickness (pm)

100%SisN4 1056
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75%Si3N4/25%12H 956
50%S513N4/50%12H 1000
25%S513N4/75%12H 1111.1
20%S513N4/80%12H 667
10%A1203/90%12H 440
20%A1205/80%12H 390
30%A12053/70%12H 330
40%A1203/60%12H 330
50%A1203/50%12H 330
60%A1:05/40%12H 330
70%A1:05/30%12H 330
80%A1205/20%12H 330
90%A1205/10%12H 440
100%A10s 440

2.3.2 Strength Characterization

The average measured strength in three-point bending at room
temperature at a displacement rate of 0.6 mm/min was found to be 437 MPa; this
was unchanged at 1000 °C for the same displacement rate (Table 2.II). This result
is contrary to the findings of Lee, et al.? on their unoptimized 20-layer FGM joints
where they found a 50% reduction in fracture strength at high temperatures
caused by softening at glassy triple junctions (Table 2.I1II).

Table 2.II: Fracture strength, as a function of temperature, of optimized 15-
layered FGM joint

Temperature Strength (MPa)

Room temperature (25°C) 437+ 102
(loading rate 0.6 mm/min)
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High temperature (1000°C) 437 + 50
(loading rate 0.6 mm/min)

High temperature (1000°C) 380 + 20
(loading rate 6 mm/min)

Table 2.III: Strength test results, as a function of temperature, for 20-layered

FGM joint.?
Temperature Strength (MPa)
Room temperature (25°C) 581+ 60
High temperature (1000°C) 262+ 20

(loading rate 0.6 mm/min)

Fractures at both room- and elevated temperature occurred within the
interface between 20% SisN4/80% 12H polytypoid and 25% SisN4/75% 12H
polytypoid which is approximately in the middle of the sample. This result
agrees with the modeling result where calculated residual stresses in each layer
do not exceed the critical strength for failure but axial stress in the joint is the
highest in the middle of the sample (Fig. 2.6). This explains how the 15-layered
FGM sample came out macroscopically crack free but has the weakest point in
the middle of the sample.

Although investigating the weakest part of an FGM joint is best
accomplished using four-point bending, size limitations prevented the use of this
technique. As a result, three-point bending was employed. Modeling of the joint
was used to calculate the weakest points in the sample which were found to be at
the interfaces near the center of the sample.® In this situation, three-point bending
yields useful results for comparison of fracture strengths. It is apparent that the
joints presented here maintained their strength at high temperatures, while the
unoptimized joints tested previously did not.2 However, it should be noted that
the stresses in a three-point bending sample are highest directly below the single
loading pin. Only in situations where the strength of an interface away from the
center of the sample is severely deteriorated would a sample fracture at any
interface outside the center of the sample. As a result, the data presented here
should be used with caution, as it only truly compares the strengths of the
interfaces between the 20% SisN4/80% 12H polytypoid and 25% SisNs+/75% 12H
polytypoid layers.
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In the unoptimized, 20-layer joints studied previously, glassy phases were
found at grain boundaries and triple points.? Softening of these glassy phases can
increase the fracture strength of ceramic materials if grain pullout is a dominant
failure mechanism; however, the temperature range at which these samples were
tested is likely a region where grain pullout is not as dominant.!? At intermediate
temperatures (i.e. ~1000 °C for SisNs), softened grain boundaries increase the
incidence of transgranular fracture, lowering the fracture strength.!’ As the
temperature increases further (1200-1400 °C), grain-boundary sliding again
becomes an important strengthening mechanism. The flow stress of the softened
grain-boundary glassy phase is low enough that grains can readily slide, leading
to grain pullout and an increase in intergranular fracture. The strength increases
achievable by this method have their limit, as continued softening of the grain-
boundary phase at ultra-high temperatures contributes to rapid degradation of
the strength of the joint. The same effect can be achieved by increasing the strain
rate at a given temperature (Fig. 2.7).

Fig. 2.8 and Fig. 2.9 show a mixture of intergranular and transgranular
fracture for failures at both room and high temperatures. In the present system
(Fig. 2.8), no glassy phases or glassy triple junctions could be detected, consistent
with the lack of any observed strength degradation at high temperatures.
However, it should be noted that the room temperature fracture strength of the
20-layer joint was significantly higher, implying that grain pullout may be a
dominant strengthening mechanism for these joints (Fig. 2.10). As expected, the
fracture strength for the optimized, 15 layer joints at 1000 °C is lower for a faster
displacement rate, but again the drop-off is much less dramatic than for the 20-
layer FGM joint. This result also confirms that no softening of intergranular
glassy phases took place for this optimized, crack-free joint. Therefore, the
current optimized, 15-layer crack-free joint possessed a significantly reduced
amount of glassy phases such that no strength degradation was observed at high
temperature, in contrast to the severe degradation observed in 20-layered FGM
as shown in Fig. 2.11. This difference might be due to the reduction in number of
layers in the SisNs-rich area. It was reported that SisNs sintered with
Al2Os + Y205 has grain boundaries with poor resistance to softening at
1000 °C.112 In these liquid-phase sintered ceramics, grain boundaries and triple
junctions often contain an amorphous phase which can soften, resulting in grain-
boundary sliding and cavitation. In the current work, 5 layers were removed
from the SisNs-rich area to make a 15 layer, optimized joint. As removing 5 layers
in the SisNs-rich area reduces the amount of Al:Os and Y205 used in the FGM
fabrication, the strength degradation caused by these sintering additives was
minimized. Indeed, previous high-resolution TEM studies by Vantendeloo, et
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al.3 on polytypoids in AIN-5iO: also showed no glassy phase on the grain
boundaries between two polytypoid grains. It is clear that polytypoids allow for
glass-free interfaces, which account for greater strength retention at high
temperatures.

2.4 Conclusions

Macroscopic crack-free joining of heterogeneous SisN4 and Al:Os ceramics
has been optimized to 15 layers by the use of SiAION polytypoids as functionally
graded materials (FGM), as defined by the phase diagram for the system SisNa—
AlLQO:s. Lattice mismatch was accommodated by transformation of the
polytypoids to better match the properties of the material with which they were
in contact. Moreover, this trend in the polytypoid transformation from 12H to
15R as the ratio of cations to anions decreases (i.e. the transition from SisNa4 to
AlQO:s), is exactly as predicted from the phase diagram (Fig. 2.1). The thickness
and compositions of each layer of the SisNs+—AlL:Os joint were controlled to
minimize residual stresses. This result was confirmed by three-dimensional
modeling of the residual stresses caused by differential shrinkage, which showed
that the calculated residual stresses did not exceed the critical strength for failure
of the joint. The average fracture strength was found to be 437 MPa at room
temperature, with no reduction at high temperatures (1000°C). A mixture of
transgranular and intergranular fractures occurred at both temperatures within
the 20%SisN4/80%12H polytypoid and 25% SisN4/75%12H polytypoid interfaces,
which is approximately in the middle of the sample. The retention of the strength
at 1000 °C showed that the optimized FGM joint had been successfully fabricated
and that the FGM-based bonding could be considered as a suitable technique for
joining dissimilar ceramic materials for high-temperature structural applications.
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2.6 Figures
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Fig. 2.1: The Si-Al-O-N system (1700°C)." The diagram below the quaternary phase diagram
shows an equilibrium line path of SisN+-12H-15R-AL:Os. A-B line refers to the 12H/15R “interface”
at the center of the FGM.
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Fig. 2.2: (a) Experimental setup used to fabricate the crack-free joints using hot pressing. (b)
Temperature and loading cycle used in such hot pressing procedures.
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Fig. 2.3: Optical microscopy image of the crack-free FGM structure. The layer thicknesses are
given in Table 2.1

Loading speed
0.6mm/min

FGM using

Polytypoid

|<— 8mm —>|
Fig. 2.4: Sample position and test jig geometry used for three-point bend testing. Tests at room

temperature were performed at a displacement rate of 0.6 mm/min, while tests at 1000°C were
performed both at 0.6 mm/min and 6 mm/min.
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Fig. 2.5: (a) TEM image of the microstructure in the SisNs-rich side of the FGM joint. Only the
SisN4 and 12H phases were detected. (b) TEM image of the microstructure in the Al2Os-rich side
of the FGM joint. Only Al20s and 15R phases were detected.
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Fig. 2.7: Fracture toughness of SisNs as a function of temperature and strain rate. Grain pullout is

a dominant strengthening mechanism at low and high (1200-1400°C), but softening of glassy
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toughness, an analogous argument can be made for the effects of temperature and strain rate on
strength. After Chen, et al.10

Fig. 2.8: SEM image of room temperature fracture surface of a 15-layered FGM sample.
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Fig. 2.9: (a) SEM image of the fracture surface of a 15-layered FGM sample tested at a
temperature of 1000°C; (b) SEM image at the grain boundary used to detect the presence, if any,
of any deformed intergranular phases. The image shows no presence of glassy phase at the
boundary.
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Chapter 3 : Literature Review for Mo-Si-B Ultra-high
Temperature Alloys

3.1 Introduction

The quest for new, ultrahigh temperature structural materials is principally
driven by the ever present need to improve the efficiency of aerospace and power-
generation gas-turbine engines by operating at higher temperatures. Currently, turbine
blades made from single-crystal nickel-base superalloys can function at temperatures
nearing 1150°C, i.e., close to 90% of their melting points.! Using complex cooling
systems and thermal barrier coatings, these materials can exist in the hottest regions of a
turbine engine where temperatures can approach 1500°C. However, the necessity for
coatings and forced-air cooling greatly reduces the efficiency gained from operating at
the higher temperatures, as shown in Fig. 3.1. To combat growing inefficiency losses, a
preferred solution is the development of new ultrahigh temperature structural
materials; one such class of materials which shows potential in this regard is based on
the silicides of refractory metals, in particular involving the Mo-Si-B system. A number
of reviews have been published regarding Mo-5i-B alloys since the early 1990s,12 but
many of these works either focused solely on one alloy system**°!! or on one property
of the alloys.® The only truly comprehensive review of the research on Mo-Si-B alloys
was published in 2007 by Perepezko, et al.,2 but that review does not contain
information about the cutting-edge processing techniques which have been developed
since its publication.

Here, we will review the development of Mo-5i-B alloys from the initial work of
Nowotny, et al.> who developed the first phase diagram for the Mo-5i-B ternary system,
to the most recent work!* ® studying ultra-fine grained Mo-3Si-1B alloys. We will
highlight the processing methods used to produce Mo-5i-B alloys, as well as their
oxidation and mechanical response. We will focus on alloys in the a-Mo-MosSi-MosSiB2
and MosSi-MosSis-MosSiB2 phase regimes, but other systems will be discussed. We will
undertake a brief discussion of the thermodynamics and phase stability of this system,
but Perepezko, et al.2 provide an excellent review of the research in this area and readers
are directed to that work for a more in-depth discussion.

3.1.1. Single Phase Properties

Before undertaking a study of the behavior of multi-phase Mo-Si-B alloys, we
will review the properties of individual phases within the Mo-Si-B system. Unless
otherwise noted, all quantities are expressed as weight per cent. Fig. 3.2 shows the Mo-
rich portion of the 1600°C isotherm of the Mo-5i-B phase diagram, as developed by
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Nowotny, et al.® and later refined by Nunes, et al.’* We will focus on the properties of a-
Mo, MosSi, MosSis (T1) and MosSiB2 (T2).

3.1.1.1 Molybdenum and a-Mo solid solutions

Pure molybdenum cannot be used in oxidative environments above ~ 500°C as a
result of the rapid formation and volatilization of MoOs.!” Thus it is necessary to limit
the a-Mo content for the best oxidation performance. As will be elaborated upon
Section 5.2, a-Mo is required for any measure of damage tolerance, as the intermetallic
phases are inherently brittle?. One strategy to limit the amount of a-Mo is to improve
the room temperature ductility of a-Mo. In that way, the same damage tolerance can be
afforded by less a-Mo (thus improving the oxidation resistance of the alloy).

The strength and ductility of body-centered cubic molybdenum is strongly
influenced by impurities and solid solution strengthening. Silicon is well known!¥20 as a
solid solution strengthener of Mo. Silicon has been shown to segregate to dislocation
cores'® and grain boundaries, 2 leading to embrittlement of a-Mo based alloys.
Numerous strategies have been employed to combat this embrittlement, including
alloying with zirconium® 1 -2, rhenium?* (which realized significant gains in ductility,
but required nearly equal weights of molybdenum and rhenium), or MgAI>:Os spinel. >

Sturm, et al.? investigated the influence of Si on the ductility and toughness of
Mo. They saw a marked drop in room temperature ductility, to nearly zero, with the
addition of only 0.1 wt.% Si. While dramatic increases in yield strength were realized
with small amounts of Si additions (Fig. 3.3), the yield strength of each alloy was
insensitive to grain size. The authors ascribe this behavior to a failure of the underlying
assumption of a single dislocation pile-up in the Hall-Petch model in the case of these
alloys.? While the yield strength of these alloys greatly increased with increasing Si
content, the authors saw a precipitous drop in the room temperature toughness from ~
24 MPaVm with no silicon to ~ 4 MPaVm with the addition of only 1 wt.% Si.> A
weakening of the grain boundaries by Si segregation, as indicated by a transition to
intergranular fracture, is blamed for this significant reduction in fracture toughness.

Zirconium has been shown?"2 to be an effective ductilizing agent in
molybdenum alloys. Miller, et al.*! showed a marked increase in the ductility of Mo
weldments and a transition from an intergranular to a transgranular fracture mode.
They attributed this increase in ductility to the presence of small amounts of Zr (0.16

aDamage-tolerance here represents resistance to crack propagation or more generally a tolerance to the
presence of cracks. An essential requirement of almost all structural materials, it is afforded by the often
mutually exclusive mechanical properties of strength combined with ductility and toughness.
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at.%) which was added to getter oxygen and nitrogen impurities, as well as small (< 100
appm) C and B additions meant to strengthen the grain boundaries. These additions
prevented the segregation of oxygen to the grain boundaries, where oxygen is a well-
known embrittling agent. Miller and Bryhan?? elaborated on this effect. Again, Zr was
shown to segregate to grain boundaries, where it competed with O, and possibly N and
Si for grain boundary sites, and a significant increase in the ductility of Mo weldments
was noted.

Building on the works of Miller, et al., a number of recent publications® 2 have
concentrated on Zr additions as a means to prevent Si grain boundary segregation in
Mo-Si alloys (and thus the a-Mo phase in Mo-Si-B alloys). Saage, et al.?® added 1 at.% Zr
to mechanically-alloyed Mo-1.55i (at.%). They saw a reduction in grain size of
approximately 50% with the addition of Zr. Even without added Zr, Saage et al.® saw a
reduction in grain size of more than an order of magnitude for their mechanically
alloyed material as compared to a traditional blended-powder alloy. Bend tests of their
alloys revealed limited ductility at room temperature in the Zr-added material, while
the Mo-Si alloy and an alloy containing 0.7 vol.% Y20s (added to reduce the grain size
below 1 um) exhibited no ductility even at 538°C. At higher temperatures, the Y20s-
added material did exhibit ductility, but the strength of this alloy was diminished
compared to the Zr-added material. Their results are reproduced as Fig. 3.4. The
authors attributed these effects to increased grain boundary cohesion and a reduction in
grain size, both resulting from the addition of Zr . Their Auger electron spectra of the
grain boundaries of their Zr-added material show a depletion of Si at the grain
boundaries, which they attribute to a competition between Zr and Si for residence
within grain boundaries?, confirming the earlier work of Miller, et al.?-22. Saage, et al.
also reported a significant increase in the amount of transgranular cleavage with the
addition of Zr,” an indication of increased grain boundary strength.

Another additive which has been shown to increase the ductility of Mo alloys is
MgAlL:O4.5% Scruggs, in his 1967 patent,” attributed this increased ductility in Mo and
Cr alloys to gettering of oxygen by the brittle spinel particles, much in the same way
that Zr is thought to act as a gettering agent.?>® An increased ductility was verified for
Cr alloys by Brady, et al.*® with the addition of MgCr20s spinel, but the impurities
(nitrogen) did not directly incorporate into the spinel. Instead, nitrides precipitated at
the Cr/spinel boundaries. They found similar behavior for non-spinel-forming
additions, and claim that the impurity segregation behavior is not unique to spinels.

With this understanding, Sun® studied the thermomechanical response of Mo
alloys containing fine dispersions of MgAl:Os spinel and MgO. She found that the
spinel distribution and particle size was an important factor in the ductility of her
alloys. Smaller spinel particles led to higher ductilities, though no explanation was
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given as to why this might be the case except to quote the work of Scruggs.?” She also
claimed that processing time was critical for developing ductility, as longer processing
times would lead to stronger bonding between the spinel and matrix. She used the
work of Schneibel, et al.?® as a basis for comparison, as their alloy had nearly the same
composition, but was hot-pressed for four times as long.

Lee? expanded upon Sun’s work, and saw a marked increase in surface
microcracking for alloys containing spinel after thermal cycling. He attributed this
cracking to the differing coefficients of thermal expansion for Mo and MgALQ.a.
Microcracks were seen to emanate from large spinel particles, with fewer microcracks
visible in samples containing a finer distribution of spinel. He also noted an increase in
brittle failure with “excessive” spinel inclusions, mirroring the results of Sun.?> Lee
blames gettering of “excessive” amounts of MoOx for the decreased ductility of the high
spinel content alloys, though there is little proof provided for this argument. More
likely, the brittle spinel particles act as crack initiation sites and fail prematurely. Lee®
showed evidence of particle/matrix decohesion after thermal cycling in air at 650°C and
1000°C. He credits oxygen gettering by the spinel particle, leading to the formation of
MoOx which then volatilized, for the formation of the gaps between the spinel and
matrix phases. What is a more likely phenomenon is absorption of oxygen from the air
atmosphere during the thermal cycling test. The gaps between spinel particles and the
matrix are formed as the bonds between the particles and matrix are broken by thermal
stresses.

Schneibel, et al.® showed an increase in ductility for a Mo alloy containing 2.5
vol.% MgAlLQOs spinel, but the ductility subsequently decreased as more spinel was
added. While the authors felt an increase in ductility caused by oxygen gettering could
not be discounted, they claimed that grain size refinement was likely a larger
contributor to ductility. They claim that the ductility gains outweigh the increase in
crack initiation sites (the brittle spinel particles), at least at low spinel contents. As the
spinel content is raised, eventually the embrittling nature of the spinel particles will
overtake the ductilization afforded by a refined grain size.

This effect was proven by Gunter, et al.?? who showed that the increased ductility
afforded by spinel additions was not accompanied by an increase in fracture toughness.
In fact, the fracture toughness of alloys containing as little as 0.1 vol.% and as much as 5
vol.% spinel was identical. As depletion of oxygen at grain boundaries is known to
increase crack blunting, 3! an increase in the fracture toughness is expected if oxygen
gettering is taking place. Since no toughening with increased spinel content was
observed, oxygen gettering was not the cause of increased Mo ductility with the
addition of spinel. Instead, Gunter et al.” proposed that grain refinement, and the
subsequent ductility increase, can be achieved via alternate means without
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embrittlement. Spinel inclusions act as crack initiation sites, much in the same way as
the Y2Os particles studied by Saage, et al.>® and Brady, et al.3* In fact, Brady et al.** do not
provide any grain sizes for their materials, so it is possible that some of the ductility
gains they realized were caused by grain refinement. Ti additions did not improve the
ductility of Cr,* lending credence to a grain refinement mechanism in that system as
well; that Zr limits oxygen segregation (and acts as a gettering agent) has been shown,?
but some of the ductility achieved by Saage, et al. was likely attributable to the
accompanying grain refinement observed with the addition of Zr. However, Saage, et
al.? also showed that grain refinement alone is not enough to allow for room
temperature ductility in a-Mo solid solutions. Silicon and oxygen in the grain
boundaries are highly detrimental, and any ductilizing agent added to Mo must
prevent their segregation, as well as refine the grain size in order to be truly useful.

Jain, et al. and Jain and Kumar have studied the high temperature compressive,
tensile!® and tensile creep!® responses of Mo0-0.95i-0.15B alloys developed to mimic the
expected composition of the solid solution phase in two- or three-phase Mo-5i-B alloys.
Their arc-melted, cast, extruded and forged alloy consisted of a saturated a-Mo solid
solution with minor (3-5 vol.%) MosSiB2 inclusions. Jain, et al.?2 reported a significant
increase in the compressive yield strength at 1000°C and a strain rate of 10 s for their
solid solution alloy (550 MPa compared to 170 MPa for pure Mo). They also observed
gradual work hardening for their solid solution alloy, while pure Mo exhibited no work
hardening. However, Jain and Kumar' found that the composition of the samples
tested by Jain, et al.*? varied along the extruded direction. As a result, the dissolved Si
level varied from sample to sample. In the two single phase materials tested, the Si
content varied from 1 at.% to 2 at.% in a bimodal distribution. Tensile tests at 1200°C
and 10 s revealed a yield strength in the 2 at.% Si samples (220 MPa) that was twice
that of the 1 at.% Si samples (110 MPa). Long anneals at both 800°C and 1200°C were
unable to relieve the microsegregation present in these alloys. However, it should be
noted that the Si content of these alloys is much lower than that actually found in the a-
Mo phase in two- or three-phase alloys."

From constant load creep tests Jain and Kumar® were able to determine a creep
rate equation for the Mo solid solution, as given by:

¢ =1.6x10"°0>*exp(—360 k] mol~1/RT) (3.1)

The calculated values for the stress exponent and the activation energy closely match
those characteristic of lattice diffusion of Mo, implying dislocation climb as the
dominant mechanism for tensile creep. The extremely high stresses supported by their
alloys led the authors to claim that Si segregation to dislocation cores was the rationale.
Atom probe field ion microscopy and Auger electron spectroscopy were used to prove
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that Si segregates to dislocation cores and grain boundaries. Precipitation of M0sSiB:
particles on the grain boundaries during creep tests were also used as evidence of grain
boundary segregation of Si.

3.1.1.2 MosSi

As MoSi: cannot exist in thermodynamic equilibrium with a-Mo,*1* more Mo-
rich silicides such as MosSi, MosSis and MosSiB: must act as the oxidation- and creep-
resistant phases in high Mo content Mo-Si-B alloys. Owing to its higher Mo content,
MosSi will have lower oxidation resistance than MoSi2. MosSi forms in the A15 cubic
structure and was initially thought to be a line compound.®*® Rosales and Schneibel*
showed that some compositional flexibility is possible, as compositions with narrow
window of less than 0.5 at.% Si around 24 at.% Si (i.e. MosSi is not a stoichiometric
compound) produced single phase MosSi. They also reported no trend in hardness or
fracture toughness with varying Si content. The average fracture toughness of MosSi is
3 MPaVm,* though Rosales® reported a slightly lower indentation toughness of 2.4
MPavm for directionally solidified single crystals. Swadener, et al.* grew single crystals
of MosSi using an optical floating zone furnace. Nanoindentation of their single crystals
revealed highly anisotropic elastic behavior (Cu = 505 £35 GPa, C12 = 80 +60 GPa and Cu
=130 +15 GPa). Slip was found to occur in both {110}(100) and {100}(010) systems.

The high temperature compression behavior of MosSi in vacuo at 1325°C was
studied by Rosales, et al.3” They observed significant yield points in some
crystallographic directions attributed to few mobile dislocations. Slip was seen to occur
on {001} and {012} planes, with similar critical resolved shear-stresses. Since only three
slip systems are active, even at 1325°C, MosSi displays very little plasticity. Rosales and
Martinez® showed that alloying MosSi with Nb increased both the strength and
ductility of MosSi at 1400°C and a strain rate of 10-°s'. MosSi forms a solid solution with
Nb, via a diffusional substitution process, so an increase in strength at 1400°C is not
unexpected.’® The increase in ductility was rationalized as a reduction in the ductile-
brittle transition temperature with the addition of Nb.

Very little data has been published on the oxidation behavior of MosSi as a single
phase. Both Ochiai* and Rosales, et al.** have studied the oxidation behavior of MosSi
as a function of Al additions. At 900°C, Ochiai* reported a significant decrease in mass
loss after 1 and 10 hours of oxidation for an alloy containing 15 mol.% Al. However, the
mass loss increased as the Al was raised above 15 mol.%. A mixed Al20s-5i0Oz scale was
postulated to act as a better oxygen barrier than either a pure Al>:Os or SiO:2 scale.
Chromium additions of less than 15 mol.% were shown to greatly improve the
oxidation resistance of both MosSi and MosAl at 900°C.
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Rosales, et al.** conducted a much more comprehensive study on the effect of Al
on the oxidation resistance of MosSi. Cyclic oxidation experiments were performed at
temperatures ranging from 700-1000°C on directionally solidified MosSi alloys
containing 8-16 at.% Al. The oxidation resistance of MosSi was found to increase with
increasing Al content. Unalloyed MosSi failed catastrophically by a pesting reaction,
while the highest Al-content alloy displayed the two-stage oxidation kinetics typical of
MoO:s volatilization followed by subsequent formation of a passivating Al20s-SiO2 scale.
The oxide was found to form in two layers: AlzOs on the outer surface of the material
and SiO: between the substrate material and the outer Al:Os scale. The SiO: layer was
proposed to form after oxygen diffusion through the Al:Os layer allowed some MosSi to
oxidize.

3.1.1.3 MosSis (T1)

MosSis exhibits highly anisotropic thermal expansion,* so much so that the
residual stresses that develop during cooling can exceed the fracture strength of the
material. MosSis forms in a tetragonal structure. As a result of this structure, and the
highly covalent nature of the basal plane bonds, the coefficient of thermal expansion
ratio, CTE(c)/CTE(a) is approximately 2.41-4* Additions of Nb or V can reduce this
anisotropy. Nb reduces CTE(c) by substituting for Mo in 16k sites, elongating Mo
chains along the c axis and reducing the anharmonicity of the chains.** V substitutes for
c-axis Mo, directly reducing the c/a ratio and thus the thermal expansion anisotropy.
CTE(c)/CTE(a) ratios as low as 1.0 and ~1.25 have been reported for highly V-alloyed*
or Nb-alloyed* materials.

MosSis, with a high Mo content, has poor oxidation resistance* though it
performs better than MosSi. Boron has been shown* to be highly effective at
improving the oxidation resistance of MosSis. Meyer and Akinc studied the isothermal
oxidation behavior of MosSis and B-MosSis between 600°C* 4 and 1450°C.#” At 800°C,
their undoped MosSis suffered from rapid oxidation and a pest reaction. The oxidation
resistance of Mos5Sis was shown to be the best at 900°C,* though the SiO: scale that
formed was always porous and weight loss was always linear. They found that
outward transport of MoO:s through the SiO: scale was rate-limiting in the 900-1100 °C
temperature regime; the authors were unable to clarify which transport process was
rate-limiting. Similar behavior was noted by Natesan and Deevi* for undoped MosSis
hot pressed alloys and single crystals.

Small amounts of B, 1-2 wt.%, can improve the oxidation resistance of MosSis by
more than five orders of magnitude.# Meyer and Akinc¥ reported no pesting reaction
at 800°C and parabolic weight gain above 1050°C. The transition to parabolic oxidation
kinetics implies that oxygen diffusion through a dense scale is the rate-limiting step.
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The oxidation behavior of B-MosSis exhibits two stages: (1) initial transient mass loss as
Mo is oxidized and escapes as MoOs and (2) passivation by a dense SiO: scale. The
mass loss decreased with increasing B content.** Boron is a well-known flux of silica.>
Increasing the boron content lowers the viscosity of the S5iO2 scale, allowing for quicker
surface coverage and a shorter transient period. As a result, the overall mass loss of the
alloy will be lower, even though B increases the diffusivity of oxygen through the
scale.®

Mechanical properties for MosSis have been determined at both ambient®? and
elevated temperatures.® %% Strom> found a solubility range of ~ 2 at.% Si, implying
that MosSis is also not a line compound and can exist at lower silicon contents than
originally posited by Nowotny, et al.®* He also found that the indentation toughness
and Vickers hardness of MosSis depended upon Si content. At both hypo- and hyper-
stoichiometric compositions (no exact compositions were given), the indentation
toughness of the material was lower than the stoichiometric composition, though the
scatter is very large, nearly 50% of the reported value of 2.4 MPaVym. The relatively low
hardness and toughness of the off-stoichiometric compositions was associated with CTE
mismatch cracking, as well as the much lower hardness of MoSi: in the case of the
hyper-stoichiometric composition. The hypo-stoichiometric composition contained
second phase MosSi particles while MoSiz: was found in the hyper-stoichiometric alloy.

Yoshimi, et al.*® investigated the high temperature compression behavior of
MosSis single crystals. They found that temperatures in excess of 1300°C were required
for plastic deformation. They tested the compression behavior along four
crystallographic axes: [001], near-[101], near-[111] and [100]. At all testing temperatures
above 1200°C a large drop in flow stress after yielding was observed for the near-[101],
near-[111] and [100] orientations. Compression along the [001] axis did not exhibit a
yield drop, and the post-test sample was heavily sheared. The authors ascribed this
behavior to insufficient slip systems in this direction. For the near-[101], near-[111] and
[100] orientations, after the initial yield drop, the flow stress remained relatively
constant, which the authors modeled as constant stress creep. They found that the
activation energy varied with orientation, obtaining a value of 458 kJ/mol for the near-
[111] orientation and 490 kJ/mol for the near-[101] orientation. The authors assumed no
variation in stress exponent with orientation.

The compressive creep behavior of MosSis and B-doped MosSis was studied in
more depth by Meyer, et al.** They performed constant stress creep tests over the range
1220°C-1320°C and 140-180 MPa. Samples were held under load and at temperature
until the sample strained ~1%, then the temperature was increased by 20°C and another
data point was recorded. The authors tested samples consisting of nominally pure
MosSis, as well as the B-doped material which consisted of ~ 54 vol.% MosSis with the
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balance of the material consisted of nearly equal volume fractions of MosSiB2 and MosSi.
They reported an average stress exponent of 4.3,% indicating dislocation climb as the
dominant creep mechanism, though no clearly defined primary or secondary creep
regimes could be discerned. The activation energies for all test conditions fell between
386 and 412 kJ/mol, implying no change in the dominant creep process over the test
regime. While the MosSis phase in the B-doped material exhibited no dislocation
activity, moderate dislocation activity was observed in the MosSiBz phase. A much
higher dislocation density was observed in the MosSi phase and polygonization
occurred after 5% strain, which the authors state resulted from dislocation climb. The
lack of dislocations in the MosSis phase was contradicted by the work of Yoshimi, et al.
who found evidence of slip in single crystals of MosSis, but no explanation as to why
Meyer, et al. did not see dislocations in the MosSis phase is given by either set of authors.
Significant cracking was observed in the MosSis phase at the highest loads and
temperatures. Meyer, et al.> proposed cracking and sliding of MosSis grains as the
means by which MosSis accommodates creep deformation.

3.1.1.4 MosSiB2 (T2)

MosSiB: forms in D8 body-centered tetragonal structure, with a unit cell
containing 32 atoms (20 Mo, 4 Si, 8 B).>*5” The atoms arrange into four distinct layer
types: layer A containing only Mo atoms, layer B containing only Si, layer C containing
Mo and B atoms and another layer containing only Mo atoms, but shifted by one half
the base diagonal in relation to the A layer, labeled as layer A1212.5 Layers are stacked
in a BACA1212BA1212CAB structure, as shown in Fig. 3.5. The two different A-type
layers are required to accommodate the significant difference in atomic radii between Si
and B. As a result of this complicated crystal structure, the coefficient of thermal
expansion of MosSiB: is nearly isotropic; Rawn et al.> reasoned that the differing
thermal response of the various bond types lead to low CTE anisotropy. Rawn et al.>
observed a CTE of ~7.7x10¢ K*! for polycrystalline MosSiBz, on par with the values
reported by Ito, et al.*8 for single crystals and Field, et al.* for a polycrystalline alloy.

MosSiB2, like Mo0sSi and MosSis, is not a line compound and exhibits some
compositional flexibility around the stoichiometric concentrations (Fig. 3.1). In fact,
Sakidja, et al.®® demonstrated the potential of a-Mo precipitation from supersaturated
MosSiB: as a means of ductile phase reinforcement of MosS5iBz. Studies of the effects of a
number of transition® ¢! ¢ and refractory metal® alloying additions on the stability of
MosSiB2 and multiphase regions containing MosSiB: (i.e. the a-Mo-MosSi-MosSiB: three
phase region) have recently been published. A combination of geometric and electronic
factors was shown™ ¢! to increase the stability of MosSiBz. A valance electron per atom
(e/a) ratio of 5.5 was shown®! to exhibit a minimum gap in total density of states. Mo
has an e/a ratio of 6, while transition metals like Ti, Zr and Hf have e/a ratios of 4. All of
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these transition metals form extended solid solutions with MosSiBz, but only Ti has been
shown® to be effective at stabilizing a three phase equilibrium. Both Hf and Zr were
shown® to limit the stability of a a-Mo-MosSi-MosSiB: three-phase equilibrium as a
result of the formation of MoSiHf and MoSiZr ternary phases. It was argued by Sakidja
and Perepezko®! that a favorable e/a ratio was not the only factor driving extended
solubility of transition metal additions. The authors claimed that rare-earth metal
substitutions would not form extended solid solutions in M0sSiBz, even though rare-
earth metals have favorable e/a ratios; the large size difference between atoms like Y and
Mo was stated as the cause.

Sakidja, et al.®® showed a larger a-Mo/MosSiB: two-phase equilibrium regime
could be obtained by substitution of Nb or Cr for Mo in MosSiB2. Nb increased the c/a
ratio of MosSiB: as a result of its larger atomic radius, thus allowing more Si to
substitute for B and lowering the B/Si ratio. Cr, by contrast, lowered the c/a ratio as a
result of its smaller atomic radius, allowing more Si to be replaced by B. In both
situations, altering the c/a ratio of MosSiB2, and by extension the effective atomic ratios
of the metalloid components (i.e. altering the B/Si ratio), stabilized the a-Mo-MosSiB2
two-phase field over a larger compositional range.®®> Readers are directed to Perepezko,
et al.? for a more thorough discussion of the thermodynamics and phase stability of the
Mo-5i-B system.

Only a few studies have been published on the mechanical properties of
MosSiB2.% %% 6465 While few dislocations have been observed in MosSiBz, slip has been
observed on the <100>{010} slip system.>* % Thara, et al.®> reported an indentation
toughness of MosSiB: of ~ 2 MPaym, comparable to other Mo-Si intermetallics. Hayashi,
et al.** and Ito, et al.%® studied the creep response of MosSiB2 in compression. The creep
rate for [021] oriented MosSiB: single crystals at 1300°C was reported ¢ to be three
orders of magnitude lower than that for the hardest orientation of MoSiz, highlighting
the excellent creep resistance afforded by MosSiBz. Unfortunately, the creep mechanism
for polycrystalline MosSiB: was not fully characterized by Hayashi, et al.* Plastic
anisotropy of MosSiBz, grain boundary sliding and the presence of small amounts of
second phases contributed to confusion about the dominant creep mechanism. The
authors did report a stress exponent of 4.6, however.

Very little information exists on the oxidation behavior of pure MosSiB..
Yoshimi, et al.® have published the only study to date, though their samples contained
small amounts of MoB, Mo:B and MosSis as secondary phases. As Nunes, et al.
showed, ' direct solidification of pure MosSiB: is very difficult, and these secondary
phases will remain even after long heat treatment. Yoshimi, et al.® tested the short-term
isothermal response of their material between 700°C and 1400°C. Below 800°C MoOs
formed then volatilized, leading to slight mass gain followed by subsequent mass loss.
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Above 1000°C two-stage oxidation kinetics were observed and two layers of oxidation
product covered the base material. During the initial transient period, Mo, B and Si
simultaneously oxidize forming volatile MoOs and B:0s as well as a dense SiO: scale.
As MoOs and B20s volatilize, SiO: is accelerated by rising Si activity. When a SiO: scale
completely covers the substrate surface oxygen transport through the scale becomes the
rate limiting step and parabolic oxidation kinetics dominate. At this point, the oxygen
partial pressure at the oxide interface is governed by the equilibrium between Si and
SiOz. Si is selectively oxidized at these oxygen partial pressures, leaving behind an
interlayer of a-Mo. The oxidation resistance for MosSiB:2 is not as good as B-doped
MosSis since the B content (and thus oxygen diffusivity through the borosilicate scale) is
much higher in the former case.

3.2 Processing

Many strategies have been employed to process Mo-5i-B alloys. Direct
solidification of Mo-rich alloys has been frustrated by a high degree of solute
segregation during solidification. Segregation of B during solidification leads to the
precipitation of unwanted phases like MoB and Mo:B.!¢ As stated in Section 3.1.1.4,
much research has been conducted to find alloying additions that can stabilize MosSiB2
over a wider compositional range and reduce solidification segregation.

Direct solidification of Mo-Si-B alloys via repeated arc-melting and casting is the
processing method most utilized in the study of Mo-5i-B alloys owing to its relative
processing ease; the disadvantages of the processing method have been enumerated
above. Directional solidification has also been used by some researchers to produce
high aspect ratio grains. Powder metallurgy methods have recently been developed to
process Mo-Si-B alloys using solid state reactions. Hot pressing and sintering of
blended powders, reaction hot pressing, plasma spraying, rapid solidification via gas
atomization, plasma rotating electrode processing, vacuum annealing Mo-Si-B powders
to create material with a continuous a-Mo phase, mechanical alloying and reaction
synthesis of Mo, SisNs+ and BN powders have all been used with great success to process
Mo-Si-B alloys. We will briefly describe a number of these processing methods and
their resultant phase morphologies.

3.2.1 Ingot Metallurgy

Arc-melting is used by many researchers to directly solidify Mo-Si-B alloys®! 675
or as a precursor material which is pulverized then reconsolidated.®>®” Elemental Mo, Si
and B are melted using a very high amperage DC current arc. A variety of
microstructures are possible using this method, as the equilibrium microstructure is
obtained from the melt. By changing the composition of the alloy, it is possible to alter
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the phase morphology. For example, small, isolated islands of a-Mo form within an
intermetallics matrix for Mo-4S5i-1B,% while a mixture of two-phase a-Mo/Mos5iB2
eutectic and a-Mo/MosSiB2/MosSi three-phase eutectic forms for Mo-5.1Si-1.3B.%! Arc-
melting and direct solidification has been successfully used to form both a-Mo-MosSi-
MosSiB2% and MosSiB2-MosSi-MosSis* alloys.

The optical floating zone technique has recently been used®-! to directionally
solidify Mo-5i-B alloys. A halogen or xenon light beam is focused on a precast Mo-5i-B
rod, creating a small molten zone;*? the light beam, and thus the molten zone is then
slowly moved along the sample, resulting in a directionally solidified alloy®! or a
single crystal.®® Ito, et al.® pioneered the use of an optical floating zone furnace to grow
directionally solidified two-phase Mo-3.45i-2.6B eutectic alloys. The authors obtained a
MosSiB2 matrix surrounding fine (~ 10 um) a-Mo grains, interspersed with some coarser
a-Mo dendrites at a growth rate of 5 mm/hr. Wang, et al.**°! directionally solidified a
Mo-55i-1.4B alloy using growth rates of 10 and 30 mm/hr. They found slight
microstructural alignment along the growth direction, with the degree of alignment
increasing with increasing growth rate. Transverse sections revealed a two-phase a-
Mo-MosSiB: dendritic microstructure. A finer, three phase eutectic (a-Mo-MosSiB:-
MosSi) was found in the interdendritic regions. The authors reported a coarse and
inhomogeneous grain morphology. The coarsest a-Mo dendrites were ~50 pm long in
the case of the slower growth rate and 40 um in the case of the faster growth rate.

3.2.2 Powder Metallurgy

Powders rapidly solidified from the melt!! 18193293101 can avoid the formation of
deleterious boride phases. Small, spherical particles consisting of either an intermetallic
matrix phase surround primarily solidified a-Mo* * or an a-Mo matrix phase *7 can
be produced, depending on the atomizing gas (and thus cooling rate). Plasma rotating
electrode processing, another rapid solidification technique, utilizes electric arc heating
to melt a rotating electrode. Centrifugal forces eject the molten melt, which solidify into
spheres in flight. The PREP process has proven effective at forming a-Mo matrix
powders containing MosSiB: dispersions.!® 132 %101 Consolidation of these powders by
hot pressing and sintering leads to the formation of dense, well bonded three-phase
microstructures.

Low pressure plasma spraying has been used with some success to deposit
MosSis-MoB-MoSi: coatings on stainless steel'®>1% and MosSi-MosSi-MosSiB2 coatings on
Mo-ZrC alloys.!® Argon carrier gas is used to inject Mo-5i-B powders into a DC plasma
flame. The powders melt then splat cool upon contact with the substrate. Initial
experiments'? using air as a carrier gas showed unacceptable levels of silicon loss and
oxygen impurities, so inert atmospheres and carrier gases must be used. A high degree
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of variation in the grain size and composition of individual splats implies that the
solidification undercooling and composition can vary significantly from layer to layer in
the coating. High temperature (>1800°C) annealing is required to recrystallize the
microstructure and improve the coating homogeneity.!> Approximately 8 wt.% of the
MosSis-MoB-MoSi: coating is silica, reducing the high temperature strength of the
coating, but improving its ductility.!™ Dense coatings are possible with this
technique,'® highlighting the potentials for using low pressure plasma spraying to
apply oxidation-resistant coatings to ductile-phase toughened a-Mo-based alloys.

Reactive hot-pressing combines the increased reactivity experienced by a
material as it undergoes a phase transformation with the application of pressure to
create a dense and strongly bonded material.'®® Only a few researchers!”!'2 have
pursued this processing path. Reactive hot pressing has been particularly useful for the
manufacture of Mo-5i-B-Al alloys.”!1! Mitra, et al.!"” added Al to their material as a
means to scavenge oxygen impurities from their starting materials. They held their Mo-
Si-B-Al powder blends at 700°C for 1 hour before hot-pressing to allow liquid Al to
react with any SiOz, MoO:s or B20s to form a-ALQOs. In this way, the starting materials
are purified, and oxygen impurities in the alloy are tied up in Al>Os inclusions. The
relatively low reaction temperature was required to limit the fluidity of the Al liquid
and prevent its escape from the hot press die during the reaction step. The free energy
of AL:Os formation is lower than that for SiO2 or MoOs, driving the formation of AlOs.
Li and Peng!'? have shown that this technique can also be used to create Mo-5i-B alloys
without the addition of Al. They held their material at 1400°C for 2 hours before raising
the temperature to 1600°C and applying pressure. Utilizing this method the authors
were able to create fully dense Mo03Si-MosSiB2-matrix materials with 18-31 vol.%
discontinuous a-Mo, with the a-Mo content scaling inversely with increasing B
content.!'?

Hot pressing of blended powders provides a relatively simple means of creating
a two- or three-phase microstructure without the pitfalls of direct solidification and is
widely used in processing of Mo-5i-B alloys. This technique has been used to successful
compact and sinter mixtures of molybdenum silicides, Mo and B# 113 81 112 precast Mo-Si-
B powders, 8% elemental Mo, Si and B'* as well as rapidly-solidified, 1 32 °1% surface-
modified,!>118 reaction synthesized'> %122 or mechanically alloyed* 10 11 14123136 Mo-Si-B
powders. Heat treatment is required after hot pressing to further homogenize the
material. The resultant microstructure depends greatly on the chosen powder mixture
and the particle size of the starting material. Schneibel, et al.®° synthesized an MosSis-
MosSiB2-MosSi alloy from MoSiz, Mo and B, while the elemental Mo, Si and B powders
hot pressed by Nieh, et al '* produced an alloy containing discontinuous islands of a-
Mo within an Mo3Si-MosSiB2 matrix.
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Kruzic, et al.''*118 demonstrated the effects of initial powder size on the
microstructure of their continuous a-Mo matrix material. They found it possible to
produce microstructures with varying grain sizes while maintaining an equal volume
fraction of a-Mo solely by varying the initial powder size. The powders used by
Kruzic, et al. were produced utilizing the novel surface-modification technique
pioneered by Schneibel, et al.'> After pulverizing arc-cast ingots of Mo-20Si-10B (at.%),
the resultant powder was vacuum annealed at 1600°C for 16 hr. in a vacuum better than
10 Pa. At this temperature and oxygen partial pressure Si preferentially oxidized to
form volatile SiO'® leaving behind an a-Mo-enriched surface layer. Compaction, hot
pressing and subsequent annealing produces a continuous a-Mo matrix decorated with
second phase intermetallic particles.

Reaction synthesis of Mo-Si-B alloys from Mo, SisNs and BN powders has
garnered interest!> 11812 a5 a means of manufacturing Mo-Si-B alloys on an industrial
scale!> %122, This simple processing method relies on reactions between the nitride
phases and Mo to form intermetallic MosSi and MosSiB: during free sintering in an Ar-
10% H: atmosphere. Specifically, the intermetallic phases form according to the
following reactions:

3 Mo + 2/3 SisNs = MosSi +2/3 N2 (3.A)
5 Mo +1/3 SisNs + 2 BN = MosSiB2 + 5/3 N2 (3.B)

At a sintering temperature of 1600°C, 95% of theoretical density was achieved after a
soak of 6 hours. While Middlemas and Cochran'” postulated that an increased
sintering temperature would increase the density of the alloy further, the accompanying
grain growth was seen as unacceptable. Hot-isostatic pressing was chosen as the final
consolidation step, as it resulted in nearly 100% dense compacts which retained the
desired fine grain structure. Hot isostatic pressing was not possible directly from the
unfired powders, as the evolution of N2 gas during processing prevents full
densification. As this process may not require the application of load during sintering,
many complex shapes which cannot be made using other powder metallurgy processes
are possible. Ultra-fine grain sizes are possible if submicron starting materials are
used.!?!

Mechanical alloying has received much attention recently* 10.11.14/123-136 35 3
method for producing ultra-fine grained in-situ Mo-Si-B composites. High energy
collisions during mechanical alloying lead to repeated cold welding and fracturing of
powder particles.!¥ This high-energy processing method allows for the formation of
non-equilibrium materials, such as supersaturated a-Mo. Kriiger, et al.'* demonstrated
complete dissolution of 10 at.% Si into a supersaturated a-Mo solid solution, far beyond
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the equilibrium 1-2 at.% Si proposed by Nunes, et al.’* and Nowotny, et al.'® This
process is also useful for creating ultra-fine grain sizes, as extended milling reduces the
grain size into the submicron regime.

The effectiveness of mechanical alloying as a method for producing Mo-5i-B
alloys appears to be sensitive to composition. Kriiger, et al.!* were able to synthesize
Mo-3Si-1B ultrafine grained materials (grain size ~ 1 um) with a continuous a-Mo
phase!? after 20 hours of milling at 200 rpm and a 3 hour anneal at 1400°C to precipitate
the intermetallic phases. Abbasi and Shamanian!?'? found that a composite structure
consisting of nanoscale Si and B particles embedded within a Mo matrix formed from a
5:1:2 (mol.%) mixture of Mo, Si and B powders after 10 hours of milling. Subsequent
heat treatment led to the precipitation of M0sSiBz2, MoSiz and MosSi.'?* However, an
increase in milling time to 20 hours led to the direct formation of a two-phase a-
Mo/MosSiB:2 composite with MosSiB: particles embedded in a continuous a-Mo
matrix.'® The authors were also able to produce a three-phase a-Mo-MosSiB2-MosSi
alloy in a two-step mechanical alloying process.'* After milling a Si-43.62B (wt.%)
mixture for 20 hours, Mo was added to create a 5:1:2 Mo:5i:B molar ratio. The powder
was milled for an additional 20 hours at 300 rpm to form an a-Mo/MoSi2
nanocomposite. After the second milling step, the powder was annealed for 1 hour at
1100°C to precipitate MosSi from the a-Mo/MoSi2 composite. An increase in secondary
milling time reduces the amount of MosSi that forms on subsequent annealing,
stabilizing an a-Mo-MosSiB2-MoSi: structure. It was postulated by Abbasi and
Shamanian'? that the extremely short diffusion pathways that result from extended
mechanical alloying cause this shift in phase structure. By contrast, Yamauchi, et al.'
were unable to directly synthesize MosSiB: via mechanical alloying, even after milling a
5:1:2 molar mixture of Mo, Si and B at 500 rpm for 100 hours. A two-step mechanical
alloying process, where Mo and Si were milled for 50 hours, then B was added and the
mixture was milled for another 50 hours, followed by spark plasma sintering, was
required to obtain an a-Mo-MosSiB2 in-situ composite. Yamauchi, et al.'”” were unable to
form an a-Mo-MosSiB:2 composite from Mo-3.35i-2.5B. Similarly, in their initial work on
Mo-5Si-1.4B, Bakhshi, et al.1?® were unable to produce a Mo solid solution, even after 20
hours of mechanical alloying at 365 rpm and 10 hours of annealing at 1100°C. In their
subsequent study, Bakhshi et al.!” were still unable to synthesize a solid solution phase
for a Mo-55i-1.4B alloy, but were able to form intermetallic phases in Mo-575i-10B and
Mo-475i-23B (at.%).

44



3.3 Oxidation Behavior

3.3.1 Mechanisms

Parthasarathy, et al.” recently published a comprehensive study of the oxidation
mechanisms in a-Mo-MosSiB2-MosSi alloys. They examined the cyclic oxidation
response of Mo-4.35i-1.7B alloys at temperatures ranging from 500°C to 1300°C. The
authors identified four temperature regimes with differing oxidation kinetics. At low
(500-600°C) temperatures, Mo, Si and B all oxidize, as evidenced by the formation of a
solid MoOs(S5i,B) scale. While the formation of a SiO: is thermodynamically preferred,
owing to its more favorable free energy of formation, its high viscosity at low
temperatures prevents SiO: from forming a protective scale. As a result, Mo is free to
oxidize and form MoQ:s. In this temperature range parabolic weight gain dominates, as
oxygen diffusion into the MoOs determines the oxidation behavior. Parthasarathy, et
al.” reported a parabolic rate constant, kp = 3.41x10° exp(-94.5 k] mol"'/RT) mg/cm?hr®s in
this temperature regime, much smaller than the parabolic rate constant they reported
for pure Mo (ky = 7.93x10' exp(-160.6 k] mol//RT). The simultaneous oxidation of Mo,
Si and B serves to slow the oxidation kinetics at 500-600°C, but the scale is not
protective.

Around 700°C (£50°C) a porous borosilicate scale forms but it offers little
oxidation resistance. In this temperature regime, linear weight loss dominates. The
authors reported a linear rate constant of 3.3 mg/cm?hr at 700°C.*” They showed no
difference in the oxidation kinetics between Mo-5i-B and pure Mo in this temperature
regime. At these intermediate temperatures, oxidation of Mo into volatile MoOs is the
rate limiting step. The porous scale provides easy access for oxygen to reach the
substrate material. Little B2Os is thought to volatilize at this temperature, so the B20s
content of the scale is high. As a result, the viscosity of the borosilicate scale is very
low®” (5x10° Pa-s), to the point that bubbles can form within the scale since complete
fining of silica melts require viscosities in excess of 10° Pa-s.1

At higher temperatures, parabolic weight loss kinetics are active. An initial stage
of rapid MoO:s formation and evaporation is followed by slow weight loss as B20s
begins to evaporate from the scale, slowing the diffusion of oxygen through the scale.
However, at 800°C, the scale retains a low enough viscosity to allow MoOs to form in
bubbles within the scale. As a result, MoOs egress and inward oxygen diffusion are
paradoxically faster at 800°C than at 1300°C. At higher temperatures, significant B20s
evaporation occurs, raising the viscosity of the scale by as much as 10 orders of
magnitude.!® The evaporation of B20s also serves to slow the diffusion rate of oxygen
by as much as 6 orders of magnitude.’® The combination of these two effects leads to a
more protective scale at 1300°C than at 800°C. Oxygen diffusion, and thus scale growth,
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is much slower; the oxide scale at 1300°C is half as thick as the scale that forms at 800°C.
Mendiratta, et al.® have demonstrated the potential of pre-oxidizing material at 1300°C
for subsequent use at 800°C, though the lifetime of such a treatment is finite, after which
the oxidation kinetics mimicked those for an untreated sample. The oxidation
mechanism map developed by Parthasarathy et 1.’ and refined by Dimiduk and
Perepezko! is shown in Fig. 3.6.

Study of the early stages of oxidation in a M0-3Si-1B alloy was initiated by
Helmick, et al.82 Those researchers examined the behavior of both arc-melted and
compacted powder alloys when exposed to a number of environments. Specifically,
they studied the early stages of formation of the borosilicate scale in static and flowing
air, as well as flowing oxygen over the temperature range 700-1100°C. In the first
minutes of oxidation the component phases were found to oxidize independently. That
is, M05SiB: formed MoQOs, SiO:2 and B203, M0sSi formed MoQOs and SiO:2 and a-Mo
formed MoQs. As the time of oxidation is increased, the borosilicate scale flowed to first
cover MosSi then the a-Mo, but channels can form through the scale, mainly at grain
boundaries. Fig. 3.7 is a schematic of this oxidation process.”” The walls of these
channels, as well as the substrate, are coated with MoO:. The oxygen pressure is
thought to be high enough within the channels to oxidize Mo to form MoO, but is not
high enough to convert the MoO:2 to MoOs. These channels are the last to seal, leading
to a transition from transient oxidation to steady-state parabolic weight loss. At 700°C,
a porous MoOs(5i,B) scale formed. This scale was not protective, as evidenced by the
observed linear weight loss kinetics. At 816°C, static environments produced channel-
free oxide scales, while channels were seen in the oxide scales formed in flowing-gas
environments. While the increased removal of MoOs was viewed as beneficial, as it
sped the formation of a borosilicate scale, removal of B2Os was also increased. Increased
B20s removal had the effect of lowering the scale viscosity and hindering pore and
channel healing. As a result, the oxidation performance in flowing gas was worse than
static air. At 1000°C, however, little difference in scale morphology was observed for
the various environments. A channel-free scale formed for all test conditions. The
decrease in scale viscosity was shown to counteract any increase in viscosity from B20s
removal. At this temperature, the scale remained sufficiently fluid to heal any channels
that may have formed. At 1100°C, a channel-free scale formed for the static and slow
gas flow rate conditions, but a porous scale was observed for the fastest gas flow rate.
The rate of B2Os removal was too great for the highest gas flow rate. As a result, the
scale viscosity increased to a point where the scale was unable to flow and heal any
channels.

Rioult, et al.” expanded the work of Helmick, et al.82 and probed the effect of
microstructural size scale on transient oxidation of Mo-55i-1.3B at 1100°C. They
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examined 3 slices taken from different sections of an arc-cast ingot. Since the bottom of
the ingot was in contact with a water-cooled hearth the bottom of the ingot experienced
a higher cooling rate than the top. As a result slices from different heights along the
ingot will have different microstructural size scales, with the finer microstructures
towards the bottom. While the steady-state behavior for each of the microstructures
was very similar, the transition time from transient to steady-state oxidation scaled with
grain size. As a result, the weight loss during the transient period was lowest for the
fine microstructure (10 mg/cm?), while the intermediate (27 mg/cm?) and coarse
microstructures (32 mg/cm?) showed significantly more weight loss. As observed by
Helmick, et al.,%2 each of the constituent phases initially reacted with oxygen
individually. A dense borosilicate layer was found over the MosSiB: grains, while a
nanoporous, non-protective scale was found covering the MosSi grains. No scale was
found covering a-Mo, as MoO:s volatilized at 1100°C. As the oxidation time increased,
flow of the borosilicate scale onto the a-Mo began to protect those grains. Likewise, the
porous SiO: layer covering the MosSi grains began to sinter, likely aided by boron
diffusion from neighboring MosSiB: grains. As the transient period progressed, the rate
of mass loss decreased. Complete oxidation of the smallest x-Mo and MosSi grains
exposed the grains underneath. Some of these grains were MosSiBz, which formed
more protective borosilicate glass. A finer microstructure containing homogenously-
distributed MosSiB: provided a shorter diffusion distance for B into the SiO2 scale above
MosSi grains. Since the diffusion distance was smaller, sintering of SiO: occurred more
rapidly, leading to a shorter transient period.

This effect was also observed by a number of other researchers. Wang, et al.”!
reported poor oxidation resistance at 1200°C for their directionally solidified Mo-3.65i-
2B alloy. The alloy grown at a slower rate (i.e. a coarser microstructure) performed
worse than the faster growth rate material. This effect was attributed to large a-Mo
particles. Schneibel, et al.!* 14 also reported significantly increased weight loss at
1300°C in a coarse grained 21 vol.% a-Mo alloy when compared to a finer grain material
containing the same amount of a-Mo'¥* 141, Supatarawanich, et al.”* 2 also reported
improved oxidation resistance for finer microstructures, but the alloys they tested did
not have the same phase distribution (i.e. the a-Mo content and its morphology was
different for each of the alloys the authors tested). As a result, it is difficult to determine
the effect of microstructure size scale on the oxidation performance of their alloys. One
important outcome of their work, however, was the identification of MosSi (or a higher-
Si-content phase like MosSis) as a necessary component for an oxidation-resistant alloy.
Without the additional source of silicon provided by MosSi, the boron content of the
oxide scale is too high and oxygen diffuses rapidly through the scale.”>7> A 1:1 Si:B ratio
was shown to have the best oxidation resistance at 1300°C. Alloys with less Si will form
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scales through which oxygen can diffuse rapidly, while alloys with a higher Si:B ratio
may not completely passivate, since the scale viscosity may be too high.

3.3.2 Oxidation Behavior in Other Environments

Only a few oxidation experiments have been conducted on Mo-Si-B alloys in
atmospheres other than laboratory or dry air. Mandal, et al.'*2 published the first study
of the effects of wet air on the oxidation behavior of Mo-Si-B alloys. They tested three
alloys (B-MosSis-Mo0Si2-MoB; MosSiB2-MosSi; a-Mo-MosSiB2-MosSi) in dry and wet (up
to 2 x10* Pa H20) air at 1000°C and 1100°C. The transient weight loss of the alloys was
independent of test temperature and atmosphere. Instead, the transient weight loss
scaled with increasing Mo weight fraction. Water vapor was seen to promote the
formation of a thicker borosilicate scale and enhance growth of a subscale region of Mo
and MoQOg, but the authors were unable to explain this behavior. However, the a-Mo-
containing alloy exhibited the greatest increase in scale thickness and interlayer
formation. Thom, et al.'3 expanded on the earlier work of Mandal, et al.'*? with their
isothermal thermogravimetric analysis of the oxidation rates at 1000°C of the same three
Mo-5i-B alloys in flowing wet air (2x10* Pa H20). Thom, et al.'*3 also evaluated the
oxidation response of Mo-Si-B alloys in synthetic combustion gas (N2-13CO:-10H20-
40z), utilizing the test methods of Mandal, et al.'> The synthetic combustion gas was
formulated to simulate the oxidizing flue gas produced by burning fossil fuels, without
any sulfidizing agents. The more accurate tests conducted by Thom, et al.'** showed
two effects: (1) the oxidation rates for the B-Mos5is-MoSi>-MoB alloy and the a-Mo-
MosSiB2-MosSi alloy were not greatly affected by wet air and (2) the initial weight loss
for all three alloys was greater in wet air than in dry air. The MosSi>-MosSiB: alloy
exhibited slight weight gain after the initial weight loss. The second result contradicts
the earlier results of Mandal, et al.,'*2 but the imprecision of the earlier tests led to large
scatter in the data, and possible obfuscation of any effects of wet air on the initial
oxidation behavior. Thom, et al.'*3 postulated that the similar oxidation rates in dry and
wet air for the a-Mo-containing alloy represented no change in the salient weight loss
mechanism, i.e. transport of MoO: and MoO:s through the borosilicate scale. It should be
noted, however, that only one sample was tested for each condition. The authors also
reported an increase in initial weight loss and scale thickness when samples were tested
in synthetic combustion gas. Though their test method precluded accurate calculation
of oxidation rates, scales nearly twice as thick as the wet air case were found on the a-
Mo-MosSiB2-MosSi and MosSiB2-MosSis alloys after exposure to the synthetic
combustion gas. The authors reason that the lower Si:B ratio in the MosSiBz-containing
alloys leads to decreased resistance to synthetic combustion gas. No rationale was
given as to why this might be the case. The authors also did not relate any justifications
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for the enhanced mass transport through the oxide scale for the a-Mo-Mos5iB2-MosSi
alloy exposed to wet air.

To date, only one paper regarding the sulfidation behavior of Mo-Si-B has been
published. Tortorelli, et al.'* studied the isothermal response of an a-Mo-MosS5iB2-MosSi
alloy to exposure to an oxidizing-sulfidizing environment at 800°C. The Hz-H5-H-O-
Ar atmosphere to which they exposed their Mo-55i-1B alloy was meant to mimic the
most severe coal gasification conditions. At 800°C, thermodynamic calculations
predicted the partial pressures of S (10 atm) and O (10% atm) would result in the
formation of SiO: and MoS:. After 150 hours of exposure, only a thin corrosion layer
formed on the sample surface. The component phases were observed to independently
react with the environment. Very little difference was observed in the oxidation-
sulfidation behavior for fine- (~1-5 um) and elongated, coarse-grained (~30-50 x 7-10
um) materials. The sulfidation response of these alloys was comparable to very
sulfidation-resistant FesAl. This result is not wholly unexpected, as Mo is known to be
very sulfidation-resistant.'> Schneibel, et al.!* proposed a study of the behavior of a
Mo-35i-1B alloy in a fully-operational coal gasifier but to date no results have been
presented.

Burk, et al.'3* examined the effect of low (10-°-10* bar) and very low (10%°-102 bar)
oxygen partial pressures on the oxidation behavior of a mechanically-alloyed Mo-35i-
1B-1Zr alloy. At these oxygen partial pressures, Si and B are selectively oxidized, while
the formation of MoO: and MoO:s is prevented. Isothermal thermogravimetric analysis
of the oxidation kinetics between 820°C and 1200°C was performed in both oxygen
partial pressure regimes.

At very low oxygen partial pressures, 10%-10-12 bar, MoOx formation is
completely suppressed, and the oxide growth kinetics are determined solely by the
formation of SiOz and B20s. At 820°C no external scale formed and internal oxidation
products of Si were found to a depth of 20 um after 100 hrs. At 1000°C, a SiO:z scale
began to form, but the viscosity of the scale was too high to allow for complete coverage
of the surface. Instead, isolated droplets of SiO, were found. At 1200°C, complete
wetting of the surface was observed, as individual SiO: droplets formed then flowed to
cover the surface after 100 hours of exposure. No ZrO: was present in the SiOz, an
important implication for the oxidation resistance of this alloy, which will be discussed
further in Section 4.3. As a result of the formation of internal SiO: precipitates, oxygen
transport was slowed and Si diffusion became the rate limiting step in the formation of
an external scale. Internal SiO: precipitates formed until some critical volume fraction,
based on the oxygen partial pressure was achieved, at which point an external SiO:
scale began to form as droplets.
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Unlike exposure to very low oxygen partials pressures, the oxide scale that
formed upon exposure to low (10%-10* bar) partial pressures of oxygen was not
protective. At these oxygen partial pressures, the formation of MoOx was not
completely eliminated. A 1-2 um MoOx film formed between a porous SiO: scale and
the base material. Evaporation of MoO:s left behind channels within the oxide scale and
led to catastrophic oxidation. At 1000°C, a few dense SiO: droplets formed on the oxide
surface, but their coverage was minimal. At 1200°C, the occurrence of SiO: increased,
but still very little of the oxide surface was covered. ZrO: were observed within the
porous SiO: scale, so pre-treatment at oxygen partial pressures in the range 10°-10-* bar
are ineffective at preventing the incorporation of ZrO: into the oxide scale.

3.3.3 Effects of Alloying Additions

Small additions of a number of alloying additions have been shown to increase
the oxidation resistance of Mo-Si-B alloys. Small (<0.3 wt.%) additions of Ti, Hf, Zr and
Al were shown to increase the wetting ability of the borosilicate scale, while larger
additions (as much as 10 wt.%) were shown to form more refractory oxides underneath
the borosilicate scale.®> % Additions of as little as 2 wt.% of Fe, Ni, Co, and Cu have also
been shown to improve the oxidation resistance of Mo-5i-B, though no specific
mechanism was stated.” We will focus on the effects of Al, Nb and Zr alloying
additions on the oxidation behavior. The influence of nanoscale Y05 and La20s
additions will also be reviewed.

The oxidation response of Al-added Mo-Si-B alloys has been extensively
studied.” 74109111147 Paswan, et al. studied the isothermal'® 1% as well as cyclic and
nonisothermal'!! response of reaction hot-pressed Mo-55i-1.4B, Mo0-4.35i-1.1B-1Al and
Mo-4.15i-1.2B-2.6Al alloys. Isothermal experiments conducted between 400°C and
800°C showed a decrease in oxidation resistance with increasing Al content.!® At high
temperatures, spallation of the oxide scale periodically re-exposed fresh material to the
oxidizing atmosphere. This spallation was thought to be the result of internal stresses
that develop as a result of the differences in coefficients of thermal expansion of the
various components. Atlower temperatures, a-Al20s did form, but it could not
completely cover the surface. The formation of a-Al:Os retarded the formation of a
borosilicate scale, slowing passivation. During cyclic oxidation at 1150°C, mullite
(BA1205-25i02) and crystalline SiO:2 formed.!"! The appearance of these phases was
thought to signal reduced oxidation resistance, as the grain boundaries of mullite and
crystalline SiO: were thought to act as high diffusivity pathways.!!

At first glance, this result contradicts the work of Yamauchi, et al.'¥” who studied
the effects of small (<5 mol.%) Al additions on the isothermal oxidation behavior of a
Mo-3.35i-2.5B two-phase a-Mo-MosSiB: eutectic alloy. Over the temperature range 800-
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1400°C, the oxidation performance of the Al-containing alloys was better than the
undoped alloy. The best performance was observed for the alloy containing 1 mol.%
Al. At 1000°C, mullite and SiO: form a dense, protective scale, while at 1200°C a more
needle-like morphology was observed. Two observations can be made to reconcile the
different behaviors observed by Paswan, et al.1!!! and Yamauchi, et al.'” Firstly, Al is
known to have a slightly negative influence on the oxidation behavior of Mo-5i-B alloys
below 1000°C.%>? The isothermal temperature regimes studied only overlap at 800°C,
so it is likely that Yamauchi, et al.'¥” observed the beneficial wetting effect described by
Berczik® % while the lower temperature regime explored by Paswan, et al.! highlighted
the deleterious effects of Al. Secondly, Yamauchi, et al.'¥” did not probe the cyclic
oxidation properties of Al-added Mo-5i-B. It has been proposed that coefficient of
thermal expansion mismatches results in large residual stress during cooling,!'! which
leads to cracking and spallation of the oxide scale, an effect that would be minimized
during an isothermal experiment. It also should be noted that the two-phase eutectic
studied by Yamauchi et al.'¥” contained much less Si and more B than the material
studied by Paswan, et al.?%111 (5 wt.% Si and 1.4 wt.% B for Paswan, et al.; 3.25 wt.% Si
and 2.5 wt.% B for Yamauchi, et al. As a result, the viscosity of the oxide scale on the
Yamauchi material would be much lower, allowing that scale to self-heal much more
rapidly.

Das, et al. also studied the effects of Al and Ce additions on the oxidation
behavior of Mo-Si-B at low (500-700°)”® and high (1100°C)” temperatures. They saw an
improvement in the oxidation resistance of Mo-5Si-1.4B with the addition of 2.6 wt.%
Al. This result would also seem to contradict the findings of Paswan, et al.1® who
studied an alloy with the same composition. However, it is important to realize that the
microstructural morphologies of the two materials were very different, owing to their
differing processing methods. The reaction hot-pressed material tested by Paswan, et
al.'® exhibited an equiaxed grain structure of nonhomogenously-distributed a-Mo
grains ~10 pum in size. The arc-melted material examined by Das, et al.” displayed
primary a-Mo grain structure surrounded by an ultrafine (<0.2 um interlamellar
spacing) three-phase eutectic. Al was thought to refine the interlamellar spacing in the
material used by Das, et al.” This grain refinement, coupled with the formation of
Al2Os, was thought to speed passivation in the low temperature regime. At low
temperatures, the addition of Ce did not affect the oxidation behavior. However, at
high temperature, the addition of 0.16 at.% Ce to Mo-4.1Si-1.2B-2.6Al (i.e. the alloy
tested at low temperature by Das, et al.”?) reduced the total mass loss during a 24 hour
exposure to oxygen by ~40%.7 Inhibition of mullite formation by Ce was proposed as
the cause of the observed improvement in isothermal oxidation resistance at 1100°C.
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Nb-NbsSis in-situ composites have been shown to exhibit reasonable room
temperature toughness coupled with strength retention at high temperatures.!s
Unfortunately, Nb forms a porous, non-protective NbsO2 oxide upon exposure to air.
As a result, the oxidation resistance of Nb-NbsSis is very poor above 500°C. Unlike
MoO:s, which is volatile, Nb2Os does not evaporate, and can slow the formation of a
borosilicate scale.®® Nb forms a complete solid solution with Mo, so there is potential to
combine the superior fracture toughness behavior of Nb-based alloys with the oxidation
resistance of Mo-based alloys. Behrani, et al.® investigated the oxidation behavior of
Mo-5i-B and Nb-Mo-Si-B alloys in flowing air at 1000°C. Of the alloys they examined,
the MosSis(B)-MoSi-MoB expressed the best oxidation resistance; this result is not
unexpected as this alloy contained the lowest Mo weight fraction of the three Mo-5i-B
alloys tested. A dense oxide scale, ~10-50 pum thick, formed on the surface after 100
hours of exposure. The thickness of the oxide scale increased with increasing Mo
content. The Nb-Mo-5i-B alloys, composed of (Mo, Nb)sSis(B)-(Mo, Nb)sSiB2-D8s,
exhibited very poor oxidation resistance. The D8s phase, (Nb, M0)sSis(B), forms as a
hexagonal structure, unlike the body-centered tetragonal T2 (Mo,Nb)sSiB: phase, and is
not as oxidation-resistant.!*® A highly porous and cracked 600 um thick SiO: scale
containing many Nb20Os particles formed after only 10 hours. Residual porosity in the
base material, volatilization of MoOs and the formation of porous Nb2Os were all
believed to cause the poor oxidation resistance of the Nb-Mo-Si-B materials. Though
the oxidation resistance of this material was very poor, it exhibited marginal
improvement over the oxidation resistance of unalloyed Nb-5i-B materials.®

As described in Section 2.1, Zr has been demonstrated as an effective ductilizing
agent for a-Mo. As such, the oxidation behavior of Zr-added Mo-Si-B (such as Mo-3Si-
1B-1Zr) must be understood. As briefly noted in Section 4.2, Zr can be very damaging
to the oxidation resistance of these alloys. The initial oxidation studies performed by
Burk, et al.’3! revealed two temperature regimes displaying vastly differing oxidation
behavior. Grain refinement (though no grain sizes were given) was proposed as the
mechanism by which slightly improved oxidation resistance was realized in Zr-added
materials at temperatures up to 1100°C. Above this temperature, the oxidation
resistance of the alloy drastically decreased. At 1300°C, nearly-linear weight loss was
observed, and a scale containing many ZrO: inclusions and pores was found. Burk, et
al.132 recently published a more comprehensive study on the extremely poor oxidation
resistance of Mo-35i-1B-1Zr above 1200°C. They found that ZrO: inclusions in the
borosilicate scale and MoOs bubble formation caused the degradation of oxidation
resistance above 1200°C. The ZrO: inclusions within the scale underwent a phase
transformation above 1100°C, transforming from a monoclinic to a tetragonal structure.
This transformation was accompanied by a volume decrease of approximately 7%.1%°
This phase transformation created voids within the scale, allowing the formation of
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MoO:s bubbles. These bubbles eventually collapsed, leaving behind partially-closed
pores. Oxygen then gained easy access to unreacted material. It should be noted that
this transformation was not instantaneous, so the oxidation behavior of Mo-3Si-1B-1Zr
closely matched that of Mo-35i-1B during the first stages of oxidation. The fine
microstructural scale of the alloys tested served to increase the number of grain
boundaries, which acted as high ditfusivity pathways, a beneficial effect for passivation
of Mo-35i-1B but detrimental in the case of Mo-35i-1B-1Zr, where quick oxygen
diffusion enhanced the production of MoOs. As a result, MoOs formation and not
oxygen diffusion through the scale became the rate-limiting step, thus linear weight loss
kinetics dominated. As shown by Burk, et al., '3 132 pre-treatment in extremely low
oxygen partial pressures is required to form a borosilicate scale absent any ZrO
inclusions.

Nanoscale oxide dispersions of Y203 and La:0s have also been used to reduce the
grain size of Mo-3S5i-1B in an effort to increase their ductility.!% ! 13! Jéhanno, et al.!!
reported improved oxidation performance at all temperatures for alloys containing 0.1
wt.% La:20s. While the addition of 0.1 wt.% Y20s did improve the oxidation resistance at
some temperatures, it was not as effective as La20Os. More effective grain boundary
pinning by La:0s, and thus a more refined grain structure, was believed to be the origin
of this behavior. A more comprehensive study by Burk, et al.’! highlighted the
improved oxidation resistance of La20s-dispersed Mo-3Si-1B. La:0s was found to
improve the fluidity and adhesion of the borosilicate scale. Incorporation of La into the
borosilicate layer greatly reduced the coefficient of thermal expansion, reducing the
occurrence of cracking. The presence of La:0s on grain boundaries was also thought to
slow grain boundary diffusion, reducing the speed at which MoOs evaporated. At
1300°C, these effects combined to slow mass loss. At 820°C, these effects were even
more potent, as the linear weight loss of Mo-3Si-1B at this temperature was replaced by
much slower parabolic weight loss.!® The transition from linear to parabolic weight
loss was thought to arise from slower oxygen diffusion through the borosilicate scale.

3.3.4 Surface Modification Strategies

A number of surface modifications have been used to improve the oxidation
resistance of Mo-Si-B alloys. Deposition of an Al-Si metallic coating has proven
feasible.’® Pre-oxidation at high temperatures has proved effective at enhancing the
oxidation resistance of Mo-3.95i-1.5B.% Other researchers have deposited SiO2" or
borosilicate® layers with some success. Wang, et al.** demonstrated improved oxidation
resistance when the surface of their directionally solidified Mo-3.65i-2B alloy was
remelted using a Nd:YAG laser in Ar. Regions remelted with the laser exhibited a
much finer 3-phase eutectic microstructure than the elongated a-Mo dendrites present
in the original material. The oxidation performance of this material was greatly
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improved owing to the refinement in grain size. Behrani, et al.#” were able to achieve a
three-fold improvement in the oxidation resistance of their Nb-Mo-5Si-B materials by the
application of a chlorination treatment. Exposure of pre-oxidized samples to flowing Cl
selectively removed Nb20Os from the oxide scale, allowing for surface passivation, which
was not possible when porous Nb20Os remained in the scale.®* A chlorination treatment
of only 15 minutes was all that was required to remove nearly all the Nb2Os from a 100-
200 pum thick oxide scale.®”

Sakidja, et al.'> examined the effectiveness of aluminum pack cementation as a
means for developing an Al:Os surface coating on Mo-3Si-1B. Samples were packed in
a mixture of NH4Cl (1 wt.%, to act as a halide activator), Al-12Si (14 wt.%, the Al source
material) and Al2Os (85 wt.%, to act as filler material). The pack samples were then held
at 900-1000°C, depending on desired coating thickness, for 50 hours. As a result of this
process, a 40-50 um thick layer of MosAls, containing some MoAIB and Mo(5i,Al),
formed on the material surface. Upon exposure to oxygen (0.2 x 10° Pa) at temperatures
between 732°C and 1372°C, a dense ALl:Os layer formed. This layer afforded
extraordinary oxidation resistance, as is apparent in from the weight change of the
alloys after oxidation, as related in Table 3.1.

Table 3.I: Oxidation behavior of Al-packed Mo-35i-1B at elevated temperatures

. Oxidation Temperature
Material
732°C 1000°C 1100°C 1200°C 1300°C 1372°C
Uncoated Mo-35i-1B [-427.46 (50 hr)|-247.01 (14 hr)|-367.35 (2.5 hr)| -277.89 (1.47 hr)| -320.48 (2.5 hr)[ No Test
Al-packed Mo-3Si-1B +0.01 +0.25 +0.27 +1.09 +2.35 +3.50

As the AL:Os formed, a Mos(AlSi) containing approximately 30 vol.% MosSiBz,
grew between the MosAls layer and the base material. The growth of this interlayer
limited the availability of Al to heal any cracks that appeared, and thus the lifetime of
the coating. Rioult, et al.*” defined the lifetime of the coating as a complex function of
the coating thickness (E), densities of the various layers (dmosais, daros & dmosaisi), molar
masses of the various constituents (Mwmoszas, Mazos & Mmoscaisi), the Al:Si ratio in the
Mos(ALSi) phase (r), the proportion of Mos(AlSi) in the interlayer (F) and constants
determined from the parabolic growth rates of the A2Os (Ax & Ex) and Mos(AlSi) (Ay &

Ew) layers. Their model for the lifetime of an Al2Os coating is given by:
2

EXdM03A18 1 (3.2)

tifetime = |7
ifetime -
MmMosAlg ZdAl—203 ,Axexp(—Eax): r XFXdM03(A1,Sl) 4 exp(_an)
Mal,03 RT /71417 Myo.calsi) V7 RT

The calculated lifetimes for various coating thicknesses at various temperatures are
given in Fig. 3.8. Below 950°C, the lifetime is expected to suffer as a result of the
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formation of the less protective 0-Al2Os phase. Under thermal cycling the lifetime of
these coatings is also expected to decrease, as coefficient of thermal expansion mismatch
can lead to cracking and spallation of the MosAls coating.®” Despite these limitations, Al
pack cementation has the potential to drastically improve the oxidation resistance of
Mo-Si-B. The analysis by Rioult, et al.® suggested that a 100 um thick MosAls coating
could provide more than 1000 hours of enhanced oxidation resistance at 1300°C. This
lifetime was further improved if a B-rich layer was formed on the base material before
Al-pack cementation, as this layer inhibited diffusion of Al into the base material.'>2

Pack cementation of Si has also garnered®* 815 15 interest®* 8153154 a5 a means of
improving the oxidation resistance of Mo-5i-B alloys. The process for creating an
oxidation resistant coating is similar to the process used for Al pack cementation. A
Mo-5i-B substrate was packed in a powder mixture of NaF (5 wt.%, to act as the halide
activator), Si (25 wt.%, source material) and Al2Os (70 wt.%, to act as filler material).!>*
On heating to 900°C, Si reacted with NaF to form SiFi gas. This vapor interacted with
the surface of the substrate and deposited a uniform layer of Si. This surface
enrichment led to the in-situ formation of a MoSi: coating. MoSi: cannot exist in
thermodynamic equilibrium with either a-Mo or MosSi. As a result, an interlayer
containing B-doped MosSis formed. When exposed to an oxidizing atmosphere, a SiO2
scale formed on the outer surface of the coating, while the MosSis interlayer continued
to grow. Boron atoms ejected during the transition of MosSiB2 to MosSis(B) reacted with
a-Mo grains to form particles of MoB.!®> Sakidja, et al.’* have reported complete
transformation of MoSiz to MosSis and SiO2 after only 25 hours in air at 1300°C.
Underneath the MosSis layer, a two-phase region of MosSiB2 and MoB formed. A
similar effect was noted by Ito, et al.® % This two-phase region acted as a barrier to Si
transport. As a result, the growth of the MosSis layer was halted. Boron was
continuously supplied to the MosSis layer by the underlying MosSiB>-MoB layer,
maintaining the protective capabilities of this layer. Ito, et al.?* 153 reported no weight
change for Mo-3.4Si-2.6B alloys tested at 1300°C and 1400°C for 50 hours. A slight
weight gain was reported for tests performed at 1500°C for 50 hours, though slight
weight loss was observed in a 100 hour test. Ito, et al.*’ also reported a slight
degradation in the cyclic oxidation response of their material, though the slight weight
loss was curtailed after 40 hours.

While this strategy has proven effective at protecting alloys with small volume
fractions of a-Mo,*15% 15 the Si pack used was less successful at protecting a Mo-35i-1B
alloy, as the B content of the base material was not high enough to cause the formation
of a continuous MosSiB2-MoB layer.'> Sakidja, et al.'® proposed co-deposition of Si and
B as a means to create a MosSiB2-MoB layer. The mechanics of such a deposition were
explored further by Tang, et al.®* They explored the oxidation resistance afforded by
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deposition of Si, Si and B, or B then Si on a Mo-45i-1B substrate. Si deposition resulted
in a coating that transformed completely into MosSis after 12 hours” exposure at 1600°C.
As a result, the sample was completely oxidized after only 50 hours at this temperature.
Co-deposited B and Si resulted in the formation of a similar coating structure as the
solely Si deposition, though the porosity of the coating increased with increasing B
content. The coating was again completely transformed within 12 hours at 1600°C, and
the sample was completely oxidized after 50 hours. The initial porosity of the coating
was not thought to affect the long term oxidation behavior, as these pores were sealed
by the oxide during the experiment. The two-step process formed a more complex
coating. After the initial B deposition, a Mo:Bslayer containing MoB particles was
observed on the sample surface, while a MosSiB2-MoB layer formed between the outer
coating and the substrate material. After the second step, the outer Mo2Bs layer had
been converted into MoSiz, while the MosSiB2-MoB interlayer had increased in
thickness. This process was also unsuccessful at significantly improving the lifetime of
a MoSi: coating at 1600°C. Though these deposition techniques were unable to extend
the life of a MoSiz coating on Mo-45i-1.1B at 1600°C, a lifetime on the order of thousands
of hours was predicted for coatings oxidized at 1100°C. Si diffusion, and the resulting
transformation of MoSi: into much less oxidation-resistant MosSis, limits the lifetime of
a MoSi: coating.

3.4 Mechanical Properties

Since Mo-Si-B alloys are potential candidates for next-generation ultra-high
temperature structural materials, an understanding of the mechanical response of these
materials both at room temperature and elevated temperatures is necessary. We will
review the research on the mechanical properties of these alloys as pertains to creep,
fracture and fatigue. Before this behavior can be properly examined, the high
temperature tension, compression and bending behavior of these materials must be
explored. We will focus on the behavior of a-Mo-Mos5iB2MosSi alloys, as alloys
consisting of only intermetallic phases (i.e. MosSi-Mo0sSiB2-MosSi) are too brittle to act in
load-bearing applications. As a result, very little research has been published on the
mechanical properties of purely-intermetallic phase constructions.’! a-Mo is a required
component if any significant ductility is desired, as very few dislocations, and thus very
little plasticity can be realized in the highly-ordered intermetallic phases (cf. Sections
3.1.1.2-4).

3.4.1 Tension, Compression and Constant Load Creep

Only a few studies of the basic tension, compression or bending behavior of Mo-
Si-B alloys at elevated temperatures have been published.” 10141594 114,135-136 The elastic
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constants of a Mo-45i-1B alloy, as determined by FEM simulation and confirmed by the
resonant beam technique as shown in Table 3.11.1%

Table 3.1I1: Elastic Constants of M0-45Si-1B at 24°C-1200°C

Temperature (°C) | E (GPa) | G (GPa) | K(GPa) | Vv
24 325 125 252 0.285
300 313 121 248 0.289
600 298 115 241 0.294
900 284 109 241 0.304
1200 269 102 239 0.312

Nieh, et al.'** published the first tensile data for a a-Mo-MosSiB>-MosSi alloy. The
authors examined the high temperature deformation behavior of a 3-phase, a-Mo-rich
Mo-3.45i-1.9B alloy manufactured by hot-pressing blended elemental powders. The
resulting alloy contained ~ 50 vol.% a-Mo as a continuous matrix phase containing a
fine dispersion of intermetallic phases. The grain size of all phases was ~3 um. The
authors observed marked temperature and strain rate sensitivities for their alloy. At
1400°C, a peak stress of 222 MPa and a tensile elongation of 150% were recorded at a
strain rate of 10+ s, while the peak stress at a strain rate of 103 s* were 480 MPa and
23%, respectively. A significant strength decrease was observed at 1450°C, peak
stresses of 138 MPa at a strain rate of 10* s and 275 MPa at a strain rate of 103 s, while
elongation to failure increases were noted at some strain rates. The authors attributed
this behavior a combination of creep of the a-Mo phase and grain boundary sliding.
Plastic deformation of the a-Mo phase accommodated grain boundary sliding of the
intermetallic phases without the formation of cavities. For their material, Nieh, et al.!4
reported a stress exponent, n = 2.8 (highlighting the combined influence of grain
boundary sliding (1 =2) and creep of a-Mo (1 = 5)) and an activation energy of 740
kJ/mol. Similar behavior, in compression, has been observed by Mitra, et al. for a Mo-
55i-1.4B alloy, 17 1% though the higher strength retention at high temperatures reported
by Mitra, et al. is attributable to the lower a-Mo content in their alloy (33 vol.%,
distributed as discontinuous particles in an intermetallic matrix).

The remarkable high temperature deformation behavior observed by Nieh, et
al.'"* has also been observed by Jéhanno, et al.’3* 1% for their Mo-3Nb-3Si-1B
mechanically-alloyed material. Nb was added as a solid solution strengthening agent
for the a-Mo phase. Like Nieh, et al.,!* the material tested by Jéhanno, et al.13*
Bcontained a continuous a-Mo matrix, though the volume fraction of a-Mo in the
Jéhanno material was slightly higher (55 vol.%). However, the grain size in the Jéhanno
material was even smaller than that of the Nieh material. Jéhanno, et al.3* 13 reported
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submicron grain sizes for all three phases present in their material. At 1400°C and a
strain rate of 10 s a maximum stress of 45 MPa and a plastic strain to failure of ~ 400%
were reported.’® Unlike the Nieh material, substantial plasticity was observed at faster
strain rates at 1400°C (200% elongation at a strain rate of 10 s and 25% elongation at a
strain rate of 102 s). In fact, more than 300% elongation was observed at 1300°C at a
strain rate of 10+ s1.1% This result is noteworthy, as the alloys tested by Jéhanno, et al.’**
155 and Nieh, et al.!** both contain ~50 vol.% brittle intermetallic phases. After
deformation, all phases remained in the submicron range as equiaxed grains, satisfying
the requirements of superplasticity!> as a potential deformation mechanism. Jéhanno,
et al.’® reported a stress exponent n = 2.3 and an activation energy of 470 k]J/mol. The
authors credit bulk diffusion of Mo atoms, as evidenced by their observed activation
energy for deformation (the activation energy of Mo self-diffusion is 405 kJ/mol'?), for
maintaining grain cohesion during plastic deformation.

Similar behavior in compression, though at significantly slower strain rates, was
noted by Alur, et al.®® and Kumar and Alur'™ for a Mo-2Si-1B two-phase powder-
processed alloy containing an a-Mo matrix surrounding an a-Mo-MosSiB: eutectic.
These alloys were isothermally forged at 1760°C and compression samples were cut
such that the long axis of the sample (i.e. the compression direction) matched the
forging direction. Between 25°C and 800°C, the material was found to be relatively
insensitive to strain rate in the range 107-10 s'. The flow stress in this regime (~1100
MPa) was found to compare favorably with the room temperature yield stress (1280
MPa). Above 1000°C a significant strength drop and increase in strain rate sensitivity
was observed. At 1000°C yield strengths between 790 MPa (at a strain rate of 10 s?)
and 320 MPa (at a strain rate of 107 s?). At 1400°C the yield strength had fallen to 130
MPa and 15 MPa for strain rates of 10 s* and 107 s respectively. Very similar yield
strengths were reported for a three phase Mo-2.95i-1.1B alloy consisting of an a-Mo
matrix interspersed with intermetallic phases. At 1000°C, the material had a stress
exponent n =7.1, which was unaffected by strain rate. At 1400°C, the stress exponent
had fallen to n = 5.2 for strain rates as slow as 10° s. Below this strain rate a possible
shift in deformation mechanism was observed, as the stress exponent in this regime was
reported as n=2.5. Activation energies in the range 415-445 kJ/mol were reported for all
test conditions, again implying self-diffusion of Mo as an important deformation
mechanism. The high yield strengths of these materials, especially at lower
temperatures, were at least partially attributable to the high initial dislocation densities
in these materials as a result of the forging process.

FEM simulations performed by Alur, et al.”® help to elucidate the deformation
mechanisms in this temperature/strain rate regime. Assuming an elastic-plastic matrix
and an elastic intermetallic phase, Alur, et al.”® found a high degree of strain localization
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in the matrix phase. Atlow temperatures, the matrix phase was highly strained, while
the MosSiB: phase was relatively unstrained. This behavior was the result of the
comparatively low yield stress and high work hardening rate of the matrix phase. In
this situation, the applied deformation was accommodated by plastic deformation of
the matrix. At the lowest temperatures and highest strain rates cracking of MosSiB:
particles was observed, highlighting the inability of this phase to accommodate strain.
At high temperatures the strains were more homogeneously distributed. A significant
decrease in the strain level in each phase was achieved by allowing plastic deformation
of the intermetallic phase. This shift in modeling behavior was justified by the presence
of dislocations in the post-deformation MosSiB: phase. Deformation was
accommodated by both the matrix and the intermetallic phase. This behavior is
highlighted in Fig. 9.

The importance of the matrix phase on the mechanical response of Mo-5i-B alloys
was confirmed by Jéhanno, et al.** They examined the tensile response of two Mo-35i-1B
alloys. One alloy, consolidated from rapidly solidified gas atomized powders, was
comprised of an intermetallic matrix surrounding large a-Mo particles. The second
alloy, consisting of a continuous a-Mo matrix surrounding small intermetallic particles,
was created by a 6:1 extrusion at 1800°C. A higher volume fraction of a-Mo was
observed in the extruded material, but only one measurement was taken from each
alloy condition, so this effect may be an artifact. All intermetallic-matrix samples tested
in tension at an initial strain rate of 1.1x10* s failed in a brittle manner below 1200°C.
At 1200°C some measureable plasticity at failure (7.3% elongation) was observed. The
brittle-ductile transition temperature for the intermetallic-matrix alloy was estimated to
be ~1150°C. By contrast, significant plasticity (21.5% elongation) was found in the
extruded, a-Mo-matrix material at 1093°C. The authors estimated the brittle-ductile
transition temperature of the extruded material to be ~ 950°C-1000 °C, a drop of ~200°C.
It is likely that some of the strength gain observed after extrusion was a result of the
increased initial dislocation density of the post-extrusion material.

Implementation of a continuous a-Mo can greatly affect the brittle-ductile
transition temperature for Mo-Si-B alloys. Kriiger, et al.'* developed ultra-fine grained
(grain size ~ 1 pm) 3-phase Mo-3Si-1B alloys via mechanical alloying, as described in
Section 3.2 In bending, the authors were able to achieve at least 8% strain at 1000°C,
matching the behavior exhibited by the extruded material tested by Jéhanno, et al.*> By
contrast, the intermetallic-matrixed gas-atomized material required temperatures in
excess of 1200°C to accomplish the same result. A cast and annealed, intermetallic-
matrixed, Mo-4.25i-1.1B alloy, containing ~40 vol.% discontinuous a-Mo exhibited
negligible ductility, even at 1520°C and a strain rate of 7x10 s* in flowing nitrogen.®
Meanwhile, an a-Mo-matrixed Mo-2.25i-1B powder-processed alloy containing ~49
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vol.% continuous a-Mo achieved a fracture strain of 1.8% at 1200°C in vacuo at a much
faster loading rate (3.3x103 s).11¢

Grain size reduction also has the potential to increase the ductility of Mo-5i-B
and lower the brittle-ductile transition temperature. a-Mo, as a bcc metal, is highly
susceptible to cleavage fracture. High stresses ahead of a dislocation pileup can initiate
a cleavage failure. If the grain size is reduced to such a degree that a sufficient
dislocation pileup cannot form, failure by cleavage will not occur and ductility can be
realized at lower temperatures. With this framework in mind, a number of oxide
dispersions have been utilized® ' %% to pin grain boundaries and limit grain growth
during processing. The effects of MgAI.Os spinel additions were discussed in Section
2.1. Jéhanno, et al."" observed substantial reduction in the brittle-ductile transition
temperature with the addition of 0.1wt% Y203 or La20s to a Mo-3Si-1B alloy, though the
alloy to which their data was compared does not have a continuous a-Mo matrix. Itis
difficult, as a result of the test method they chose, to separate the effects of a continuous
a-Mo from the effects of a reduced grain size. The authors measured the brittle-ductile
transition temperature by compressing cylinders until 10% plastic strain was reached.
Large (100°C) temperature steps were used, so identification of a precise brittle-ductile
transition temperature was not possible. As a result, the added benefit of a reduced
grain size for the studied materials, as pertains to the brittle-ductile transition, is
unclear. However, the work of Heilmaier, et al.? clearly shows the benefit of a
submicron grain size as 8% plastic strain (the chosen benchmark for ductility) was
reached for a mechanically-alloyed, submicron-grained Mo-3Si-1B alloy at 1000°C,
while negligible ductility was observed for a micron-grained, La20s-doped alloy. The
reported low strength and ductility of the La2Os-doped alloy seems to contradict the
results of Jéhanno, et al.!* for the exact same material, but no explanation was given by
the authors for this discrepancy.’

Alloying additions such as Zr have been shown!* to affect the brittle-ductile
transition temperature of Mo-35i-1B and Mo-1.9Si-0.6B. Kriiger et al.’* observed
significant plasticity in bending at 954°C at a displacement rate of 0.01 mm/min in Ar.
While a micron-grained Mo-35i-1B alloy exhibited ~0.5% strain in these conditions, a
Mo-3Si-1B-1Zr alloy exhibited ~1.5% strain. At lower Si and B content, this effect was
magnified. At 954°C, a Mo-1.95i-0.6B-1Zr exhibited ~4% strain compared to the ~0.5%
strain displayed by the Zr-less material. Limited plasticity was observed in the Mo-
1.95i-0.6B-1Zr material at temperatures as low as 800°C. The authors postulate that the
brittle-ductile transition temperature of continuous a-Mo-matrixed Mo-Si-B materials
can be reduced another 150°C with the addition of Zr.1%

Mo-5i-B alloys are potential replacements for current Ni-based superalloys
because, among other beneficial properties, they demonstrate excellent creep resistance
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and strength retention at high temperatures. A number of studies on the creep behavior
of these materials have recently been published.” 1018 100,134,140, 141,158,159 The effects of
creep on crack growth studied by Alur, et al.'® will be withheld until the discussion of
high temperature fracture toughness and fatigue in Sections 3.4.2 and 3.4.3.

Schneibel and Lin'® measured the creep response of a cast Mo-4.25i-1.1B alloy at
1200°C in flowing Ar. Owing to insufficient gettering of the Ar environment, oxidation
of the material occurred during testing. MoO:s crystals deposited on the quartz window
used for laser extensometry of the sample. As a result, the authors were only able to
successfully test one sample in tension. Compression tests were also performed in
flowing Ar at temperatures between 1220°C and 1420°C. A steady-state creep stress
was determined from the flow stress at 5% plastic strain. The activation energy (338
kJ/mol) and stress exponent (1 = 2.7) were insensitive to temperature or strain rate. The
power-law creep equation developed by Schneibel and Lin'* is given by Eq. 3.3:

§=22x10"s"1(o/E)*"exp([— 338kJ/mol]/RT) (3.3),

where E is the room temperature Young’s modulus of this material, 327 GPa.* The
authors claim MosSi as the rate-controlling phase, since the calculated creep rate for
single phase MosSi using the compression data of Rosales, et al.3* compares favorably to
the observed behavior. However, the relatively low volume fraction of this phase (32
vol.%) implies a contribution from the MosSiB:2 phase (30 vol.%). a-Mo was not
thought to be rate controlling.

Schneibel'® probed the effects of Nb and W alloying additions on creep response
of Mo-X(Nb,W)-4.25i-1.1B between 1200°C and 1400°C. He identified the creep stress as
the compressive engineering flow stress at 2% plastic deformation. For an unalloyed
material, Schneibel'® reported a stress exponent of 3.2 and an activation energy of 295
kJ/mol. Addition of 36.7 wt.% (19.5 at.%) W was found to only slightly raise the
activation energy to 319 kJ/mol. Nb had a much stronger effect on the creep behavior.
While the stress exponent was unaffected, the addition of 11 wt.% (9.5 at.%) or 22.7
wt.% (19.5 at.%) Nb raised the activation energy to 345 kJ/mol or 489 kJ/mol,
respectively. The potency of Nb was attributed to its much larger atomic radius than
either Mo or W. As a result of its larger size, Nb was postulated to inhibit diffusion and
dislocation motion. The effect of Nb and W on the creep behavior of Mo-4.25i-1.1B is
highlighted in Fig. 10.

In the same work, Schneibel'*® investigated the influence of microstructural
morphology and scale on the creep behavior of Mo-6.1Si-1.1B and Mo0-4.95i-1.5B. Two
Mo-6.1Si-1.1B alloys (21 vol.% discontinuous a-Mo) with differing a-Mo grain sizes
were manufactured. The Mo-4.9Si-1.5B alloy contained ~30 vol.% continuous a-Mo as
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achieved using the process described by Schneibel et al.!*> Both microstructural scale
and grain morphology were observed to have a profound effect on the creep behavior
in the studied temperature regime. A detectable increase in the stress exponent (1 = 2.8
versus n =2.1 for the finer microstructure) and decrease in the activation energy (327
kJ/mol versus 376 k]J/mol) at 1300°C were observed for the coarser-grained of the two
Mo-6.15i-1.1B alloys. Likewise, a significant increase in the stress exponent (n = 3.9) and
decrease in activation energy (328 kJ/mol) were observed for the continuous a-Mo Mo-
4.9Si-1.5B alloy, though the reported values were calculated at 1400°C. a-Mo was the
softest phase at these temperatures. As a result, the higher volume fraction in the Mo-
4.95i-1.5B material led to lower creep strength. Similarly, the continuity of the a-Mo
phase in this material lowered the creep strength as plastic deformation of this phase
was not as constrained. Finer microstructures provided more high diffusivity
pathways, speeding diffusion of Mo, and thus lowered the creep resistance of the
material.1** 1418 The combined effects of a-Mo volume fraction and continuity are
shown in Fig. 11.

Though the ultra-fine grained materials developed via mechanical alloying
exhibit attractive oxidation resistance and formability, the preponderance of grain
boundaries in these materials was expected to harm their creep resistance.! Jéhanno, et
al.3* studied the effect of microstructure size scale on the constant stress compression
behavior of an ultra-fine grained Mo-3Nb-3Si-1B alloy between 1050°C and 1315°C. In
order to assess the influence of grain size, both as-processed (submicron grains) and
annealed (~7 um a-Mo grains, ~ 4 um intermetallic grains) samples were tested.
Anneals at 1700°C for 10 hours were required to sufficiently coarsen the microstructure.
The authors found that the stress exponent for each microstructure was approximately
n =2, indicating grain boundary sliding as a possible creep mechanism. The activation
energies for each microstructure were also similar (477 kJ/mol for the as-processed
alloy, 444 kJ/mol for the annealed material), again implying the role of Mo diffusion in
the high temperature deformation behavior of Mo-Si-B alloys, as reported by Alur, et
al.,”® Kumar and Alur'™ and Jéhanno, et al.'¥® Though the mechanism and activation
energy for creep was similar for the as-processed and annealed microstructures, the
coarser-grained annealed alloy exhibited a creep rate that was more than one order of
magnitude slower than the ultra-fine grained material. Similar behavior to the ultra-
fine grained material was reported by Heilmaier, et al. *1° for La20s-doped Mo-35i-1B
alloys. It should be noted that the alloys tested by Heilmaier, et al.” * compared very
favorably with a Ni-based single crystal alloy, CMSX-4 below 1100°C and vastly
outperformed the Ni alloy above 1200°C ° 1°. Thermal instability of the CMSX-4 above
1200°C, coupled with the excellent thermal stability of Mo-3Si-1B up to 1600°C, was
thought to be the origin of the Mo-Si-B alloy’s superior creep resistance.
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The most comprehensive study of the creep behavior of Mo-5i-B alloys
was recently published by Jain and Kumar.!® Their work on a Mo-0.95i-0.2B material
meant to represent the a-Mo solid solution phase was reviewed in Section 2.1. The
authors also investigated the tensile load creep behavior of Mo-25i-1B two-phase and
Mo-3Si-1B three-phase alloys between 1000°C and 1300°C at both constant load and at a
strain rate of 10 s'. Below 1200°C both the two- and three-phase alloy fractured after
very little detectable plasticity. Above 1200°C no substantial difference between the
creep behaviors of the two- and three-phase alloy was reported. For both materials a
stress exponent n =7 was calculated at 1200°C when the tensile data of Jain and Kumar!®
and the compression data of Alur, et al.”® were combined to increase the range of strain
rates examined. Creep voids did not form until very late in the creep lifetime. Asa
result, the creep behavior in tension and compression was assumed to be nearly
identical and the results from tension and compression tests could be combined. At
1300°C a stress exponent 1 = 4.6 was reported for both multi-phase alloys, though a
stress exponent could not be extracted from the 1300°C tension tests, as a lack of
material prevented sufficient data from being collected. MosSiB: particles were
observed as grain boundary precipitates in samples tested above 1200°C. The quantity
and coarseness of these particles was found to scale with temperature and applied
stress. The authors postulated that the formation of these precipitates served to relieve
the grain boundary Si and B segregation observed in the as-processed alloy. This
reasoning was bolstered by the lack of any precipitates within grains or on
recrystallized grain boundaries that formed during the experiment (and thus would not
be sites of Si or B segregation). The formation of MosSiBz occurred both in the gage
section and within the grip section of the samples, implying that stress (and thus plastic
strain) was not required for precipitation, though the application of stress did speed
their coarsening. The higher Si content (and thus higher strength) of the matrix phase
of the multiphase alloys, as well as the much higher volume fraction of intermetallic
phases, were credited for providing the superior creep resistance of the two- and three-
phase alloys. The alloys tested by Jain and Kumar!® also outperformed Ni-based alloys
over the temperature and stress regime investigated.

3.4.2 Toughness

While many researchers have performed toughness tests on Mo-Si-B alloys (cf.
Appendix), only a few have investigated the operative fracture mechanisms in these
alloys. We will discuss the fracture behavior of these alloys as both room temperature
and elevated temperature. While the proposed operating temperature for these alloys
exceeds 1200°C, it is unrealistic to think that fracture events cannot occur at low
temperatures. In any event, the high brittle-ductile transition temperature for these
materials means that the brittle behavior observed at room temperature will persist
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until at least 1000°C, and possibly higher, depending on the alloy choice and grain
morphology.

At room temperature, Mo-Si-B alloys are inherently brittle. The high
intermetallic content required for good oxidation resistance, coupled with solid solution
strengthening of the a-Mo phase, limits the ability of these alloys to plastically deform.
As a result, these materials exhibit low room temperature toughnesses. a-Mo
incorporated into an intermetallic matrix as a second phase can allow some room
temperature plasticity, but the volume fraction and distribution of a-Mo greatly affects
the fracture behavior of Mo-5i-B alloys. As a crack extends, it will encounter a region of
a-Mo. At this softer phase, the crack can become blunted and trapped, increasing the
so-called intrinsic toughness of the material.

Toughening in materials can be considered as a mutual competition between
intrinsic and extrinsic mechanisms. Intrinsic toughening mechanisms dominate in
ductile materials; they operate ahead of the crack tip to generate resistance to
microstructural damage, with the most prominent mechanism being that of plastic
deformation. Extrinsic toughening mechanisms, conversely, operate primarily in the
wake of the crack tip to inhibit cracking by “shielding” the crack from the applied
driving force.1®-1¢> Whereas intrinsic toughening mechanisms are effective in inhibiting
both the initiation and growth of cracks, extrinsic mechanisms, such as crack bridging,
are only effective in inhibiting crack growth.161-163

Uncracked ligament bridging to serves to increase the toughness as the crack
grows. As a crack extends, it can encounter a more ductile a-Mo grain. Depending on
the relative toughnesses of the phases, their relative elastic moduli and the angle of
crack incidence, the crack will penetrate the a-Mo grain (and fracture the grain
transgranularly) or deflect into the grain boundary and propagate around the grain.!*
This deflection event raises the perceived toughness of the material, as the preferred
microstructural path no longer coincides with the direction of maximum driving force.
As a result, more stress must be applied to continue crack propagation. At some point
the crack must either propagate “backwards” up the flank of the grain, or it will stall,
creating a highly stressed region in the proximity of the crack tip.!®> As the remotely-
applied stress (and thus the local stresses near the crack tip) is increased, a region ahead
of the crack tip can become stressed enough that the crack will reinitiate and continue
propagating (Fig. 12). This process leaves behind an uncracked ligament which can
carry load and shields the crack tip from the full extent of the remotely applied stress.
As the crack extends, more bridges are left in the wake, increasing the shielding effect.
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3.4.2.1 Room Temperature

The room temperature fracture behavior of Mo-Si-B alloys has been thoroughly
investigated by Choe, et al.,”® 7 % Kruzic, et al.11®118 and Alur, et al.*” for various alloy
compositions, phase distributions and processing methods. Choe, et al.% studied the
room temperature fracture behavior of two cast alloys (Mo-4.25i-1.1B and Mo-12.1Nb-
4.25i-1.1B) and two hot-pressed powder alloys (both Mo-6.15i-1.2B, differing starting
powders). The cast alloys contained 38 vol.% discontinuous a-Mo as a second phase in
an intermetallic matrix. The powder processed alloys contained 21 vol.% discontinuous
a-Mo. The average grain size of the cast alloys (10.4 um for Mo-4.2Si-1.1B, 7 um for
Mo-12.1Nb-4.2Si-1.1B) was significantly larger than the powder alloys (2.14 pm and 4.4
um), though the coarser grained powder processed alloy contained a number of
elongated 50 um grains. The authors performed fracture toughness experiments, as per
the ASTM E561 standard'® using fatigue pre-cracked disk-shaped tension specimen.
Stable crack growth was measured in-situ utilizing the unloading compliance technique
prescribed by the testing standard. Stable crack growth and the accompanying rise in
toughness were used to create crack growth resistance curves.

The authors found that the initiation toughness of their alloys scaled with mean
grain size and volume fraction and contiguity of the a-Mo phase. The highest initiation
toughness, Ko=7.2 MPaVm, was exhibited by the Mo-4.2Si-1.1B alloy, which had the
largest and most continuous grains. This alloy exhibited a slight rise in toughness with
crack extension. After 800 um of crack growth, a peak (plateau) toughness of Kss =7.8
MPavm was reported. The finer-grained Mo-12.1Nb-4.2Si-1.1B alloy exhibited lower
initiation (6.3 MPaVm) and peak (6.7 MPaym) toughnesses. Both powder-processed
alloys displayed significantly lower initiation toughnesses (5.7 MPaVm for the larger-
grained alloy, 4.3 MPaVm for the smallest-grained, least continuous material) and no
stable crack growth was observed. In fact, the authors were unable to fatigue-pre-crack
the smaller-grained material, so the value reported for that alloy was over-estimated.

Fracture at room temperature in these materials is brittle and occurred mostly by
transgranular cleavage of the intermetallic matrix. The crack predominately travelled
through the intermetallic matrix or within the grain boundaries surrounding the a-Mo
phase. Cracks were observed to deflect around or crack through small a-Mo regions,
but became trapped at larger a-Mo grains. A small number of unbroken a-Mo grains
were found in the crack wake, but these uncracked ligaments displayed minimal plastic
deformation, which the authors attributed to plastic constraint of the a-Mo grains by
the intermetallic matrix. The dominant toughening mechanism reported for these
intermetallic-matrixed materials was crack trapping, an intrinsic toughening
mechanism.
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While Choe, et al.> showed the influence of grain size, volume fraction of a-Mo
and the contiguity of the a-Mo phase, they did not study the effects of a continuous a-
Mo-matrixed material. Kruzic, et al.''” developed R-curves for a number of alloys with
varying a-Mo volume fractions and grain sizes. All of the alloys tested consisted of
intermetallic second phases distributed within a continuous a-Mo matrix, as the
processing method developed by Schneibel, et al.'> can produce a continuous a-Mo
phase, even at very low volume fractions of a-Mo. The authors varied both the initial
starting size (“fine” = <45 um, “medium” = 45-90 um, “coarse” = 90-180 um) of their
vacuum-anneal Mo-7.65i-1.5B powders and the volume fraction of a-Mo in their
“coarse” alloy (17 vol.%, 46 vol.% and 49 vol.%). Utilizing the notation of Kruzic, et
al.,'V” the alloys are labeled F34, M34, C17, C46 and C49 where the letter represents the
initial powder size and the number represents the volume fraction of a-Mo.

All of the alloys tested by Kruzic, et al.!'” exhibited significant rising R-curve
behavior, with the largest degree of toughening with crack extension observed for the
coarse-grained materials. While the C17 alloy had an initiation toughness (Ko =~5
MPaym) comparable to the discontinuous a-Mo alloys studied by Choe, et al.,® after 3
mm of crack extension, the peak toughness of the C17 alloy had increased to ~7 MPaVm,
a much larger increase in toughness than exhibited by the alloys studied by Choe et al.
which contained twice as much a-Mo, though distributed as a discontinuous second
phase. The alloys containing a similar volume fraction of a-Mo as the work of Choe, et
al.,® namely F34 and M34, exhibited similar initiation toughnesses (~7.5 MPa\/m), but
the increase in toughness with crack extension (Ks = ~9 MPaVm) was significantly
greater than seen by Choe, et al.% The high volume fraction a-Mo materials exhibited
initiation toughnesses as high as 12.5 MPaVm and peak toughnesses in excess of 20
MPavVm after 3 mm of crack extension, as shown in Fig. 13. The values reported by
Kruzic, et al.''” are the highest reported room-temperature toughnesses for any Mo-5i-B
alloy.

The transition to a continuous a-Mo matrix greatly improved the room
temperature toughness. Crack trapping remained an important toughening
mechanism, however, bridging by uncracked a-Mo ligaments occurred much more
frequently, and provided extrinsic toughening and thus rising R-curve behavior. As
shown in Fig. 14, cracks cannot avoid a continuous a-Mo phase, so the effectiveness of
crack trapping and uncracked ligament bridging is improved when an a-Mo matrix is
utilized. A larger volume fraction of a-Mo provides more traps and potential crack-
bridging sites, so both the initiation toughness (as the result of more plasticity) and the
peak toughness (as the result of more extrinsic toughening) will increase.

When comparing alloys with the same volume fraction of a-Mo but differing
microstructural size scales, it becomes apparent that grain size had little effect on the
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initiation toughness. Both the F34 and M34 alloys tested by Kruzic, et al.''” had
initiation toughnesses Ko =7 MPa\m, similar to the initiation toughness of the cast
material tested by Choe, et al.®> While little difference was observed for the initiation
toughnesses of these materials, a higher peak toughness at a larger crack extension was
reported for the M34 alloy, implying an increased level of extrinsic toughening in that
material. Kruzic, et al.''” reported improved crack stability and easier bridge formation
for coarser-grained alloys. That the authors were able to achieve significant stable crack
growth accompanied by rising toughness in a coarse-grained alloy containing only 17
vol.% a-Mo highlights the influence of microstructural size scale on the rising R-curve
behavior of these alloys.

Alur and Kumar® observed limited room temperature ductility and no rising R-
curve behavior for their isothermally-forged Mo-25i-1B alloys. Even though the volume
fraction of a-Mo in the materials studied by Alur and Kumar®” was even larger (62
vol.% a-Mo) than any of the materials studied by Kruzic, et al.''” the initiation
toughnesses observed by Alur and Kumar® were lower than those reported by Kruzic,
et al.'7 The largest initiation toughness observed by Alur and Kumar® was only 9
MPavm for an annealed alloy. The more brittle behavior and lack of extrinsic
toughening observed for these materials can be attributed to the differing processing
methods used to create the two materials. The powders used by Kruzic, et al.!'” have
been processed in such a way as to create regions of a-Mo nearly free of Si. By contrast,
the alloys used by Alur and Kumar® contained as much as 4 at.% Si within the grains
and 12 at.% within the grain boundaries.’® Since Si is a well-known solid solution
strengthener and embrittling agent of Mo grain boundaries, the lower toughness
observed by Alur and Kumar® was not unexpected. The presence of some
recrystallized grains in these two-phase materials served to further embrittle the
materials, since recrystallized Mo grain boundaries are weaker.

The work of these researchers clearly shows the influence of microstructure on
the room temperature damage tolerance of Mo-5i-B alloys. A continuous a-Mo matrix
imparts the highest toughness via two means: (1) a highly contiguous a-Mo phase
increases the probability of a crack interacting with the more ductile a-Mo phase,
increasing the incidence of crack trapping and ductile ligament bridging and (2) though
it is possible to create a continuous a-Mo matrix with a small volume fraction of a-
Mo, the most common processing methods result in high a-Mo volume fractions. The
high volume fraction of relatively ductile a-Mo increases both the crack initiation and
crack growth (i.e. extrinsic) toughness.
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3.4.2.2 Elevated Temperature

At elevated temperatures, the toughness of these alloys is significantly improved.
As noted in Section 3.4.2, the ductile-brittle transition temperature of these alloys can be
lowered by ~150°C by transitioning to a continuous a-Mo matrix. The ability of the a-
Mo phase to plastically deform is drastically increased at elevated temperatures. As a
result, the crack trapping ability of the material is much improved. Choe et al.*®
observed a sizeable increase in the initiation toughness of both their cast and their
powder-processed alloys. At 1300°C the cast alloy exhibited an initiation toughness Ko =
9.7 MPaVm versus K, = 7.2 MPaVm at room temperature. The powder processed alloys
exhibited lower toughnesses at both room and elevated temperatures (Ko = 4.1 MPavm
and 5.7 MPaV¥m at room temperature, 8.1 MPaVm and 7.5 MPaVm at 1300°C), though
this effect was likely the result of the lower volume fractions and contiguities of the a-
Mo phase in the powder processed alloys. At elevated temperatures, significant
microcracking was observed in the MosSiB: phase. Microcracking, and the associated
dilatation, acts as an additional crack-tip shielding mechanism, as the compressive
forces caused by the microcracked region must be overcome before the critical stress to
fracture the material can achieved.!®® The additional toughening effect afforded by
microcracking of MosSiB: is relatively small (~ 2 MPaVym from the dilatation of the
microcracked region, ~1 MPaVm from the change in compliance as a result of the
microcracks®) but noticeable.

A much larger increase in toughness was observable for a-Mo-matrixed alloys.
Kruzic, et al.''” found that the initiation toughness of a coarse grained (~100 um grains)
Mo-3.3Si-1.3B alloy increased from 9.8 MPaVym at room temperature to ~35 MPaVm at
1300°C, though the value reported for elevated temperature was valid for a plane stress
condition, and is not directly comparable. In fact, the increase in ductility of the a-Mo
phase at 1300°C was so profound that linear elastic fracture mechanics (i.e. the K-based
approach) no longer applied and the J-integral approach (nonlinear elastic fracture
mechanics) had to be used. After their tests were completed, the authors optically
measured the crack tip opening displacement (CTOD) at crack initiation. Using the
method detailed by Shih,'®” Kruzic et al.'” calculated a Jic which they then converted to
an equivalent Kjc value which would have been observed had a sample large enough to
satisfy the applicability requirements for linear elastic fracture mechanics been used.
Again, the continuous a-Mo matrix forces the crack to interact with the ductile phase.
The increased ductility of a-Mo at 1300°C increases the effectiveness of crack trapping.
Similar to the observation at room temperature, a coarse microstructure increases the
effectiveness of crack bridging at elevated temperature.

Alur and Kumar® observed similar behavior at elevated temperatures for their
Mo-2Si-1B two-phase powder-processed alloy. The reported initiation toughnesses for
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their alloy rose from ~9 MPaVm at room temperature to 25 MPaVvm at 1400°C in
vacuum, with the largest gains in toughness observed over the 1200°C (18 MPaVm)-
1400°C (25 MPaVm) regime. At 1400°C, the authors observed a large amount of
microcracking of the MosSiB2 phase not seen at room temperature. The authors also
observed a much more tortuous crack path at 1400°C. The crack deflections were
thought to be the result of the formation of a microcracked region ahead of the crack tip.

Alur, et al.'™ observed that the initiation toughness in three-point bending
exhibited some loading rate sensitivity at elevated temperatures. While the initiation
toughness increased monotonically with temperature at a loading rate of 10°* mm/s, a
toughness maximum was observed at 1200°C at a loading rate of 10° mm/s. The lower
toughness at 1400°C than observed at 1200°C was attributed to creep cavitation and
grain recrystallization. The much longer exposures to temperature at the slower
loading rate (525 minutes to test at 10° mmy/s versus 12 minutes to test at 10° mm/s) lead
to creep effects like grain boundary sliding (and thus creep cavities). These cavities
provide a preferred microstructural path, reducing the initiation toughness. Cavities
form on recrystallized grain boundaries, which are known to be weaker. Plastic
constraint by the hard metallic particles and the presence of silica were also proposed
mechanisms for creep cavity formation. While creep effects were detrimental to the
initiation toughness at 1400°C, at lower temperatures where creep cavitation does not
occur creep can relax the local stresses at the crack tip, increasing the toughness.

3.4.3 Fatigue

Since Mo-Si-B alloys are toughened extrinsically, fatigue of these alloys is
governed by degradation of the effectiveness of these mechanisms under cyclic loading.
Specifically, early fatigue behavior consists of the rapid formation of many uncracked
bridging ligaments. Continued cyclic loading causes a breakdown of some bridges,
while new bridges form as the crack extends. Eventually a steady-state behavior is
reached, where a dynamic zone of bridge formation and destruction is carried along
with the growing crack. Near the end of the fatigue life, bridge destruction far outstrips
bridge formation and failure proceeds rapidly. An example of this mechanism is
illustrated in Fig. 15, though the bridge depicted is a rarely-formed intermetallic bridge.
The mechanism operates in the same manner for a-Mo bridges. As a result of the
brittle mechanisms for fatigue crack growth the fatigue thresholds and Paris law
exponents (da/dN o AK™) for Mo-Si-B alloys are quite large, especially at room
temperature. Thus the majority of the fatigue lifetime of these alloys is spent initiating a
flaw that quickly grows to a critical size. Increased a-Mo ductility provides more
extrinsic toughening, and thus slows crack growth and improves the fatigue resistance
of these materials. However, increased a-Mo ductility leads to increased susceptibility
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to fatigue, as the plastic deformation required for the typical fatigue-crack growth
mechanism can occur more readily.

3.4.3.1 Room Temperature

Only a few researchers have studied the fatigue crack-growth behavior of Mo-Si-
B alloys. Choe, et al.%> investigated the tension-tension fatigue crack growth behavior of
their cast Mo-4.25i-1.1B and powder-processed Mo-6.15i-1.2B alloys under stress-
intensity control (K-control) at a load ratio (maximum load/minimum load) of R=0.1
and a testing frequency of 25 Hz. The authors obtained crack growth rates, da/dN,
between 10! and 10° m/cycle under K-increasing and K-decreasing conditions, with a
normalized K-gradient of 0.1 mm-!, as per ASTM Standard E647.1%® Since these
materials are very brittle, they exhibit a higher sensitivity to the maximum stress
intensity at the fatigue threshold, Kuax,n than AK.1% As a result, Kuaxmvalues were
deemed more appropriate for gaging the fatigue resistance of Mo-Si-B alloys. The two
quantities can be equated by the expression

AK = Kuaxn (1-R) (3.4)

Both the cast Mo-4.25i-1.1B and coarser-grained (cf. Section 3.4.2.1) powder-
processed Mo-6.1Si-1.2B alloy exhibited a fatigue threshold (a AK value where crack-
growth was assumed to be vanishingly small) Kua s =~5 MPa\m, i.e. lower than the
room temperature fracture toughness for these materials. By contrast, the slightly finer-
grained Mo-12.1Nb-4.25i-1.1B alloy displayed a slightly lower threshold, Ki: = ~4
MPaVvm. The fine-grained powder processed alloy, which did not have any elongated
grains, failed catastrophically at AK = 4 MPaVym and no fatigue crack growth data could
be obtained. The Paris law exponent for all three materials was approximately m = 60,
comparable to many brittle materials.’® The relatively high threshold values (K = ~
70% of K. for the cast alloys) and large Paris exponents highlight the flaw size and stress
sensitivity of these intermetallic-matrixed materials. While some uncracked ligament
bridges formed, over time they degraded and eventually cracked. However, the
minimal bridge formation exhibited by these alloys mean little extrinsic toughening
existed to be degraded and these materials were relatively insusceptible to fatigue. On
each loading cycle the crack extended some amount then stopped. Any bridges that
formed continued to carry load, but eventually failed by fatigue. As a result, the crack-
microstructure interactions under cyclic loading mimicked those seen under monotonic
loading, with the coarser microstructures providing better fatigue resistance.

Alloys containing a continuous a-Mo matrix exhibit similar fatigue behavior to
that displayed by intermetallic-matrixed alloys. Kruzic, et al.!'” studied the fatigue crack
growth response of their five alloys (F34, M34, C17, C46, C49, cf. Section 3.4.2.1) under
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the same conditions used by Choe, et al.®* At room temperature, owing to the relatively
brittle response of the a-Mo phase, very large (>78) Paris law exponents were reported.
Fatigue thresholds, Kua, as large as 10.6 MPavym were reported for the coarse-grained
material containing 49 vol.% a-Mo. The fatigue threshold was found to scale with
microstructural size scale and volume fraction of a-Mo, while the Paris law exponent,
m, decreased with increasing a-Mo content or grain size. In all cases, the fatigue
threshold was approximately the same as the initiation toughness in monotonic
loading, leading the authors to conclude that the mechanisms for crack growth did not
change under cyclic or monotonic loading, similar to the behavior observed by Choe, et
al.% Utilization of a a-Mo matrix improved the fatigue threshold, as compared to the
intermetallic-matrixed materials studied by Choe, et al.** Kruzic, et al.''” reported a
room temperature fatigue threshold for their F34 alloy of Kun= 6.8 MPaVm, an increase
of 36% compared to the fatigue threshold reported by Choe, et al.#> That the fatigue
threshold increased with higher a-Mo volume fractions and contiguity is not surprising
since the mechanisms of crack growth under cyclic loading are identical to the
mechanisms for crack growth under monotonic loading. The fatigue thresholds for the
F34 and M34 alloys (6.8 MPaVm and 7.2 MPa\m, respectively) were nearly the same,
implying minimal influence on the fatigue threshold exerted by microstructural size
scale, at least over the size regime studied in these alloys. However, the Paris slopes for
the two alloys were quite different (125 for F34, 87 for M34). Since room temperature
fatigue in these materials proceeds by degradation of extrinsic toughening mechanisms,
the increased number and potency of uncracked ligament bridges (i.e. increased
extrinsic toughness) exhibited by the coarser-grained M34 alloy leads to an increased
susceptibility to fatigue, as expressed by the lowered Paris law slope for this alloy.

Alur and Kumar® studied both the stress-life (S-N) and fatigue crack-growth
(da/dN versus AK) response of their Mo-25i-1B isothermally forged alloy. Tension-
tension S-N tests were performed in accordance with ASTM E466!"° at 5 Hz and a load
ratio R = 0.1, with the loading direction aligned with the forging direction. Fatigue
crack-growth experiments were performed using pre-cracked compact tension
specimen at load ratios R =0.1 and R = 0.2 (though no difference in behavior was
noticeable for the two load ratios) and a testing frequency of 5 Hz. The forging
direction was aligned with the plane of the sample as the geometry of the forged ingot
precluded alignment of the notch with the forging direction. Tests were performed at
constant AK and were interrupted every 25,000 cycles in order to optically measure any
crack growth.

Though the material tested by Alur and Kumar® contained more a-Mo (62 vol.%
than the maximum of 49 vol.% tested by Kruzic, et al.!”) the fatigue response of this
alloy was characteristic of a brittle material. A failure stress of 565 MPa was observed
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for a 30,000 cycle life, which fell to 500 MPa for a 1,000,000 cycle life. The observed
crack morphologies and fracture surfaces closely resembled the behavior of
monotonically loaded samples. The authors reported a relatively low fatigue threshold
(AK# = 5 MPaym) considering the high a-Mo content of their alloy. The low fatigue
threshold exhibited by this alloy was the result of solid solution strengthening of Mo by
Si and work hardening caused by isothermal forging during processing. Hardening of
Mo limited its ductility and thus its ability to form uncracked ligament bridges; the
degradation of these bridges is the mechanism by which fatigue occurs in Mo-5i-B
alloys. It is important to note, however, that the room temperature Paris law exponent
reported by Alur and Kumar (m = 17) is the lowest yet reported. While not in the
regime characteristic of ductile materials (m = 2-4%), the relatively low value of the Paris
law exponent for these materials highlights the influence of a large volume fraction of
continuous a-Mo on fatigue susceptibility of Mo-Si-B alloys.

3.4.3.2 Elevated Temperature

At elevated temperatures, the fatigue resistance of Mo-Si-B alloys is improved.
Improved ductility of a-Mo above ~1000°C results in larger fatigue thresholds. Above
the ductile-brittle transition temperature, uncracked a-Mo bridges are much easier to
form and act as more potent extrinsic toughening agents. The increased ductility of
these bridges enhances their fatigue lifetimes as the material exhibits Paris law behavior
more akin to ductile metals than the characteristic brittle behavior exhibited at room
temperature. As a result, a larger portion of the fatigue life is spent growing a fatigue
crack (as opposed to initiating a flaw that then grows) until it reaches a critical size large
enough to initiate unstable fracture. Choe, et al.> saw the fatigue threshold of their Mo-
4.2Si-1.1B alloy increase from 5 MPavm at 25°C to ~ 8MPaVm at 1300°C while the Paris
law exponent fell from m = ~60 to m = 44. While significant microcracking of the
MosSiB2 phase provided some measure of crack-tip shielding, the ductility of the a-Mo
phase was limited by its discontinuity and constraint by the surrounding intermetallic
matrix; few a-Mo bridges formed as a result. More impressive fatigue resistance gains
have been realized in alloys containing a continuous a-Mo, since a continuous a-Mo
phase forces crack interactions and increases the effectiveness of crack trapping and
uncracked ligament bridging. Kruzic et al.''” reported a transition to more ductile
fatigue behavior at 1300°C for their C49 alloy. While the authors were unable to
accurately measure fatigue thresholds at this temperature, they found that the Paris law
exponent for this alloy had dropped from m =78 to m = 4, a characteristic value for
fatigue of ductile materials.

The most comprehensive work on the high temperature fatigue behavior of Mo-
Si-B was performed by Alur and Kumar® and Alur, et al.,'® though they only studied
the behavior of a two-phase Mo-2Si-1B alloy. Alur and Kumar® reported improved S-N
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behavior for their alloy in a vacuum at 1200°C. The authors observed an endurance
limit, which they defined as survival of the sample after 107 cycles at a given stress, of
~550 MPa, an improvement over the endurance limit (~500 MPa) observed at room
temperature. Their material was more susceptible to fatigue at 1200°C, since plastic
deformation was much more prevalent at this temperature. The authors observed some
plastic stretching of a-Mo grains before failure, indicating more ductile behavior.

Alur and Kumar® also explored the fatigue crack growth behavior of their alloy
in air (up to 600°C) and vacuum (up to 1400°C). To date, this study represents the only
exploration of the combined effects of environment and temperature on the fatigue
behavior of a Mo-5i-B alloy. In air, little difference was observed in the fatigue
threshold (~ 5 MPaVm), but a slight increase in the Paris law exponent (=17 at room
temperature, m = 23 at 600°C) was observed. Tests performed at 600°C in vacuo revealed
a Paris law exponent m= 17, implying the difference in Paris law exponents in air and
vacuum was caused by the environment. In this temperature regime a-Mo in this alloy
oxidizes to form solid MoQs,” a brittle oxide. Thus it is reasonable to believe an
increase in the content of brittle phases at the expensive of more ductile a-Mo would
lead to more brittle-like fatigue and thus a larger Paris law exponent. It is important to
note that the effect of the testing environment on the fatigue behavior of Mo-25i-1B was
significantly smaller than that of a commercial Mo alloy. The improved oxidation
resistance of an a-Mo-MosSiB: alloy, as compared to the nominally pure Mo matrix of
TZM (e.g. Mo-0.5Ti-0.08Zr-0.02C), was thought to minimize the effects of oxidation on
the fatigue crack growth behavior of Mo-2Si-1B. However, the authors argue that the
formation of a borosilicate layer leads to slip irreversibility, thus speeding crack growth
and the temperature dependence of the formation of a borosilicate layer leads to the
observed temperature dependence of the fatigue behavior in air up to 600°C. One
aspect, acknowledged by Alur and Kumar,” which has never been studied is the effect
of oxygen segregation and subsequent embrittlement on the fatigue behavior of their
alloy.

Above 1200°C in vacuo, the fatigue threshold remained approximately the same
as the room temperature value, but the Paris law exponent continued to decrease,
falling as low as m = 3.5 at 1400°C. The authors observed fatigue striations on some
grains, highlighting the improved ductility of their alloy at 1400°C. The authors did
observe some creep effects, like creep cavitation, and dynamic recrystallization ahead of
the growing fatigue crack. The formation of a recrystallized region provides a preferred
microstructural path and speeds crack growth. However, recrystallization only
occurred at 1400°C and a AK value (~ 9 MPavm) much higher than the fatigue threshold.

The combined effects of creep (via the formation of creep cavities) and fatigue
(via the degradation of ductile a-Mo bridges) are thought to speed crack growth and
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increase the fatigue susceptibility of Mo-5i-B alloys. Alur, et al.'® compared the fatigue
crack growth rates of a Mo-2S5i-1B alloy exposed to 4 Hz sinusoidal waveforms as well
as trapezoidal waveforms including a tensile hold for various dwell times (5-15
seconds) at 1200°C and 1400°C. At 1200°C crack growth rates increased with a dwell
time of at least 10 s. At 1400°C the deterioration of the fatigue resistance of this alloy
was even greater. A marked increase in the fatigue crack growth rate was observed for
all of the tested nonzero dwell times. The rapid increase in crack growth implied the
formation of recrystallized grains and creep cavities ahead of the crack tip. The
deterioration in the fatigue response increased with increasing AK, highlighting the
influence of stress on the formation and eventual linking of creep cavities, which
enhance crack growth.

3.5 Final Remarks

Alloys within the Mo-5i-B system can provide the high strength, oxidation
resistance, creep resistance and damage tolerance required for ultra-high temperature
structural applications. However, further optimization of these alloys is still required to
tailor their microstructures for the mutually-exclusive requirements of these properties.
Specifically, for optimum oxidation resistance, three-phase alloys with very small,
discontinuous grains are required, whereas for creep resistance, small, discontinuous
islands of a-Mo within a large-grained intermetallic matrix are superior. The most
damage-tolerant microstructure, conversely, consists of large, continuous a-Mo grains
as the matrix phase.

Alloying additions, like Zr, have the potential to increase the ductility of a-Mo.
By increasing the plastic response capability of the a-Mo phase, it is possible to achieve
high toughness utilizing far less a-Mo. As a result, the oxidation resistance of these
materials can be improved. Unfortunately, Zr causes drastic deterioration of the
oxidation resistance above ~1100°C.132 Surface treatments, such as pre-oxidation in very
low oxygen partial pressures as suggested by Burk, et al.'* are required for Zr to
become a viable alloying option.

Surface modification or thermal barrier coating of these alloys will likely be
necessary to achieve the best combination of oxidation resistance and damage tolerance.
The outer layer would provide oxidation resistance, while a coarse-grained interior
could provide damage tolerance. Al% 152 and Si# # 15 154 pack cementation have each
proven successful at depositing an oxidation resistant coating on Mo-Si-B alloys, but the
lifetime of such coatings is diffusion-limited . Diffusion barriers can extend the lifetime
of a coating, but care is required to ensure good adhesion. Laser-remelting has also
been shown to improve the oxidation resistance by reducing the grain size in the near-
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surface region,” but the oxidation resistance of such a coating is limited by its initial
thickness.

Recent publications have attempted to address the combined necessity of a large
a-Mo for damage tolerance and fine grain size for oxidation resistance.!* 1511912213 That
the oxidation resistance of these materials is superior has been previously established,
but no study of the fracture behavior of these materials at ambient or elevated
temperatures has been published. The following chapter will address the fracture
behavior of these materials and discuss why they exhibited the reported behavior.
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3.7 Figures
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Fig. 3.1: Specific core power versus turbine inlet temperature for gas turbine engines. Current engines

operate above the melting temperature of the Ni-based superalloys used within the hottest regions of the

engine. As a result of complex cooling schemes and thermal barrier coatings, these turbine blade
materials operate at ~1150°C, nearly 0.9 Tw. As the operating temperature has increased, an increasing
large amount of the power generated is required to cool the turbine blades, drastically reducing the actual
engine performance. New materials must be developed that can operate at high (>1300°C) temperatures

without the need for cooling. Refractory metal silicides, such as Mo-5i-B are potential replacements for

Ni-based superalloys. After Dimiduk and Perepezko.!
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Fig. 3.2: Mo-rich portion of the 1600°C isotherm of the Mo-5i-B phase diagram. Two phase fields have
received a lot of attention: M03Si-Mos5is-Mo05SiB2 (red) and a-Mo-MosSi-MosSiBz (blue). The alloy
composition studied in Chapter 4 (Mo-3Si-1B wt.%) is shown.
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Fig. 3.3: Yield strength of Mo as a function of Si content and temperature.?? Addition of only 0.1 wt.% Si
can significantly increase the yield strength of Mo. Silicon segregates to dislocation cores' and acts as a
potent solid-solution strengthener.
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Fig. 3.4: Influence of Zr and Y20s on the stress-strain behavior of Mo-1.5 Si at various temperatures.!
Y203, by reducing the grain size, is an effective ductilizing agent above 800°C. Small additions of Zr can
increase the ductility of Mo-1.55i and can even impart marginal room temperature ductility. Zr competes
with Si for grain boundary sites, thus reducing Si segregation and increasing grain boundary adhesion.
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Fig. 3.5: Crystal structure of M0sSiB2.2 The unit cell contains 32 atoms (20 Mo, 4 Si and 8B) arranged in a
body-centered tetragonal D8: structure. Atoms arrange in three layer types: A and Aipi2 containing only
Mo atoms, B containing Mo and B atoms and C containing only Si atoms. Atoms on the Aipi2 layers are
translated by one half of the basal plane diagonal in relation to A layers.
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Fig. 3.6: Oxidation mechanism map for Mo-Si-B alloys.! At low temperature MoOs(s) forms, leading to
parabolic weight gain. Above ~ 700°C MoOs sublimates. The viscosity of SiO: at this temperature is too
high to form a protective layer. As a result linear weight loss dominates until ~750°C. Above this
temperature regime a borosilicate layer forms and parabolic weight loss kinetics are active. However, the
weight loss at 800°C is much greater than at 1300°C. Enhanced oxygen diffusion through the B-rich scale
and low scale viscosity lead to rapid weight loss and incomplete fining of the scale. As the temperature
increases, B20s begins to evaporate, raising the viscosity of the scale, thus closing any bubbles that might
form, and slowing oxygen transport through the scale. As a result of the higher scale viscosity and lower
B content within the scale, parabolic weight loss slows.
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Fig. 3.7: Transient oxidation in an a-Mo-MosSi-MosSiB: alloy at 1300°C.7 The unoxidized microstructure
is shown in (a). In the initial stage, each phase oxidizes independently. a-Mo forms MoQO:s vapor, the
MosSi (A15) forms a nanoporous SiO: scale and the MosSiB2 (T2) phase forms a borosilicate scale. After
some time (c) B20s flows to cover a-Mo and diffuses into SiOz, lowering its viscosity. The lowered
viscosity afforded by B20s additions speeds sintering of 5iO: and thus passivation. A transition to steady-
state oxidation occurs once the entire surface is covered in borosilicate (d).
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Fig. 3.8: Lifetime of an aluminum pack cemented coating on Mo-Si-B versus temperature for various
initial coating thicknesses.® The lifetime of these coatings is dictated by depletion of Al by the formation
of an Mos(5i,Al) interlayer between the base material and the Al2Os scale. Relatively thick initial coatings
are required to provide long lives at elevated temperatures.
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Fig. 3.9: FEM simulation of the strain localization at a global strain of 10% in a Mo-25i-1B two phase
alloy.®® The microstructure from which a mesh was created is shown in (a). The material consisted of
MosSiB:2 (black) within a continuous a-Mo matrix (white). To simplify calculation, the a-Mo matrix was
treated as pure Mo and modeled as an elastic-plastic material. (b) At room temperature, the strain is
highly localized in the much softer and more ductile a-Mo phase. (c) At intermediate temperatures
(~750°C), the localization of strain in the matrix phase increases. Alur, et al.% attributed this localization
to decreased work hardening in the matrix. In this temperature regime, MosSiB2 does not plastically
deform, so it was modeled as an elastic material. (d) At even higher temperatures (1550°C), where
MosSiB2 can plastically deform (and was modeled as an elastic-plastic material), a much more
homogeneous distribution of strain is observed. It should be noted that the properties of the a-Mo phase
represent the intermediate temperature regime as the authors were unable to find mechanical property
data for Mo at the highest temperature regime (1550°C).
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Fig. 3.10: Influence of W and Nb on the creep behavior of Mo-Si-B.1¥” While the effects of W additions are
slight, significant gains in creep resistance can be realized by alloying Mo-5i-B with Nb. Substitution of
Mo by the larger Nb atoms is thought to slow diffusion and dislocation motion, improving the creep
response of these alloys.
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Fig. 3.11: Influence of a-Mo volume fraction on the creep strength of Mo-Si-B.'* As the weakest and most
ductile phase, increasing the volume fraction of a-Mo will severely decrease the creep strength. This
effect is even greater for a continuous a-Mo matrix (open circle), as the a-Mo is not as plastically
constrained by the intermetallic grains, as is the case for discontinuous a-Mo grains within an
intermetallic matrix (closed circles).
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Fig. 3.12: Schematic of uncracked grain bridge formation.!6* A crack traveling within the boundary
between two grains (I & II) requires a certain driving force to propagate, Jr. Upon interacting with a more
ductile grain (III), the crack can kink and deflect along the preferred path of a grain boundary (depending
on the ratio of grain boundary toughness to grain toughness, angle of incidence of the crack and the
elastic moduli of the boundary and the grain). This preferred microstructural path is not aligned with the
direction of maximum driving force, so additional driving force, J¥ is necessary to propagate the crack.
Eventually, the crack will arrest at a driving force, Jo. The crack can either climb backwards up the flank
of the grain, a process known as “stalling.” This process is highly energetically unfavorable and a large
driving force is required, J*. The stresses that build during the stall phase can be large enough to reinitiate
a crack in the boundary ahead of the ductile grain (III). The crack will proceed, leaving behind an
uncracked ligament. This ligament carries some load, and shields the crack tip from the full extent of the
remotely applied load. A new driving force, ', is required to continue crack propagation. In this way, a
ductile-phase toughened material like Mo-5i-B can develop rising R-curve behavior. As the crack grows,

more bridges are left in the crack wake, increasing the shielding effect.
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Fig. 3.13: Room Temperature R-curve for continuous a-Mo-matrixed Mo-Si-B alloys.!’> A higher volume
fraction of a-Mo (~ 49 vol.% in the coarse alloy, ~34 vol.% in the fine and medium alloys) leads to more
intrinsic toughening, as the a-Mo can plastically deform and raise the initiation toughness of the alloy.
Extrinsic toughening, afforded by uncracked ligament bridging, is more potent for coarser grained

materials. A room temperature toughness greater than 20 MPaVm has been achieved after 3 mm of crack
extension. A continuous a-Mo phase forces the crack to interact with this ductile phase, where it can
become blunted and trapped, raising the toughness of the material (note the higher initiation toughness
for the fine and medium microstructures as compared to the reported values for discontinuous a-Mo
alloys containing roughly the same volume fraction of a-Mo). In fact, a continuous a-Mo matrix allows
for extrinsic toughening, while discontinuous a-Mo does not. At 1300°C the toughness of this alloy is
increased, highlighting the contribution of a-Mo ductility to toughness. If the room temperature ductility
of a-Mo can be increased, less a-Mo can be utilized to achieve the same degree of damage tolerance while
improving the oxidation resistance.
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Fig. 3.14: Crack trapping and bridging in a continuous a-Mo matrixed Mo-Si-B alloy.!¢ Cracks cannot
avoid the continuous a-Mo phase. Uncracked ligaments can form, raising the extrinsic toughness of the
material by shielding the crack tip. Cracks blunt at the plastically-deformable a-Mo phase and must
reinitiate to continue propagating. This process serves to raise the intrinsic toughness of the material.
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crack growth direction

Fig. 3.15: Formation (a) and subsequent destruction (b) of an uncracked ligament bridge during cyclic
loading."” Fatigue in these brittle materials occurs as a result of the failure of these bridges, a mechanism
very different than fatigue in a ductile metal. As a result, these materials exhibit high fatigue thresholds
and low susceptibility to fatigue. However, when a fatigue crack is initiated, it very quickly propagates
to critical size. These materials display very large room temperature Paris law exponents (>75) unlike the
Paris law exponents found in ductile materials (2-4).
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Chapter 4 : On the Fracture Toughness of Fine-Grained Mo-3Si-
1B (wt.%) Alloys at Ambient to Elevated (1300°C) Temperatures

4.1 Introduction

One of the most difficult problems in materials engineering today is the
development of higher temperature structural materials for use in applications such as
gas-turbine engines. The current material of choice, single-crystal nickel-based
superalloys, has reached its technological limit; indeed, as these alloys melt at
temperatures between 1200°-1400°C, they are unsuitable for structural use above
~1100°C.! High melting-point (>2000°C) materials, based on refractory metals such as
Mo, represent a higher-temperature alternative but have been plagued by oxidation and
brittleness problems. Additions of Si and B to Mo to form silicides and borosilicides
have shown promise in improving the oxidation resistance; however, the silicide
compounds are quite brittle and will provide little fracture resistance for most
structural applications without significant active toughening mechanisms. While
several alloys have been produced containing the more ductile x-Mo phase in addition
the hard but brittle intermetallic phases MosSi and MosSiB: (the T2 phase), many of
these show only marginal improvements in toughness relative to the monolithic
intermetallic phases which have fracture toughnesses of ~ 3- 4 MPaym.2 This suggests
that the key to achieving high fracture resistance in these materials may lie in making
more effective use of the "ductile" a-Mo phase, in a manner not unlike the way that
nickel-based (y-y') superalloys obtain high fracture toughness with a similarly high
fraction of intermetallic (Y') precipitates.

Based on the early work of Nowotny, et al.,? there have been a number of studies
that have explored processing routes and properties of purely intermetallic alloys*® and
alloys containing a-Mo solid solution as developed by Berczik;*!° compositions of
interest are highlighted in Fig. 4.1. While the purely intermetallic alloys, which were
originally studied by Aking, et al.,*” exhibit excellent oxidation and creep resistance,
their microstructures exhibit minimal toughness as they consist solely of brittle phases
(MosSiB2, MosSi, MosSis) which severely limits their utility as structural materials.

Alloys comprising the a-Mo solid solution with one or more intermetallic phases
(MosSiB2 (T2), MosSi), conversely, show more promise as structural materials, owing to
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the measure of damage tolerance® afforded by the presence of the more ductile a-Mo
phase. Indeed, there have now been several studies on two-phase (a-Mo, Mos5iB2)!!-13
and three-phase (a-Mo, MosSi, M0s5iB2)* 1428 versions of these alloys, with both a
discontinuous!'"'® and a continuous a-Mo phase,>!”?! which have indicated that the
three-phase systems are generally preferable as the extra silicon provided by MosSi
grains serves to speed passivation and improve oxidation resistance.?* However, as
will be discussed here, the difficulty with these alloys, as with most high-temperature
materials, is that the primary mechanical property requirements, that of creep
resistance, oxidation resistance and damage tolerance, tend to be mutually exclusive,
leading to competing desirable microstructural morphologies: in simple terms,
discontinuous, small a-Mo grains are better for oxidation resistance,* intermetallic
grains and a discontinuous coarse a-Mo phase are better for creep resistance'® and a
continuous, large-grained a-Mo phase is better for damage tolerance.!8*

Faced with this difficulty, Jéhanno, et al.?>? and Middlemas, et al.??® have
developed alloys employing a finer-grained “triplex” microstructure consisting of ~50
vol.% continuous a-Mo phase intermixed with ~50 vol.% intermetallic grains in an
effort to combine the oxidation resistance provided by a fine microstructure with
sufficient damage tolerance provided by the more ductile a-Mo phase. In this work, we
examine the fracture behavior of these fine-grained Mo-3Si-1B (wt.%) alloys, specifically
to compare their ambient- and elevated-temperature (1300°C) fracture toughness
properties to that of the high-toughness, coarse-grained, continuous a-Mo, alloys of the
same composition, reported earlier by Kruzic, et al.?!

4.2 Experimental

4.2.1 Materials

Two molybdenum borosilicide alloys with the nominal composition of Mo-35i-
1B in wt.% (Mo0-95i-8B in at.%) were examined with ~55 vol.% a-Mo and ~45 vol.%
intermetallic phases. One alloy (hereafter referred to as the ULTMAT alloy) was
produced and supplied by Plansee (Reutte, Tirol, Austria) following the mechanical
alloying procedures put forth by Jéhanno, et al.** and modified by Kriiger, et al.> The
second alloy (hereafter referred to as the Middlemas alloy) was produced via the
reaction synthesis method described by Middlemas and Cochran.?”

2 As in Chapter 3, damage-tolerance here represents resistance to crack propagation or more generally a
tolerance to the presence of cracks. An essential requirement of almost all structural materials, it is
afforded by the often mutually exclusive mechanical properties of strength combined with ductility and
toughness.
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4.2.1.1 ULTMAT alloy

The Plansee processing procedures involved mixing powders of elemental Mo,
Si, and B (99.95, 99.6 and 98% pure, respectively) in the nominal ratio of Mo-3Si-1B by
weight. Approximately 0.7 vol.% (~0.1 wt.%) of nanocrystalline Y203 powder was
added before mechanical alloying to pin grain boundaries and limit further grain
growth during subsequent processing. Mechanical alloying of the powders was
performed under argon gas to limit the introduction of oxygen. After mechanical
alloying, the powders were consolidated via cold isostatic pressing at 200 MPa, then
sintered in hydrogen at 1500°C. Further consolidation was obtained by hot isostatic
pressing at 1500°C with 200 MPa pressure, resulting in 500 mm long, 50-mm diameter
round bars. Further details on the processing of this alloy are described by Kriiger, et
al.>> The contiguity of the a-Mo phase has recently been confirmed by tomography.32
The resulting microstructure is shown in Fig. 4.2a.

4.2.1.2 Middlemas alloy

Powders of elemental Mo (99.95% pure), SisN4 (99% pure) and BN (99.55 pure)
were dispersed in acetone with 3 wt.% Elvacite 2008 added as a binder. The slurries
were milled with A2Os media on a commercial paint shaker, in order to de-agglomerate
the powders, and then spray dried. Rectangular bars (15 x 15 x 60 mm) or square plates
(22 x 22 x 5 mm) were cold-isostatically pressed at 345 MPa and sintered at 1600°C in an
Ar/10% H: atmosphere. Samples were then hot-isostatically pressed at 1500°C with 207
MPa pressure to complete densification. The microstructure for this alloy is shown in
Figure 4.2b.

4.2.1.3 Kruzic alloy

As noted above, data for these two fine-grained Mo-35i-1B alloys were compared
with a much coarser-grained alloy® of similar composition. This latter alloy, hereafter
referred to as the Kruzic alloy, was manufactured at Oak Ridge National Laboratory by
hot-isostatic pressing of surface-modified, 90 to 180 um sized, powders ground from as-
cast ingots of Mo-20Si-10B (at.%). The microstructure of this alloy, shown in Fig. 4.2c,
contained a continuous a-Mo phase and was optimized for toughness with a coarse
grain size of ~100 um, i.e., roughly an order of magnitude larger than that of either the
ULTMAT or the Middlemas alloys.?

4.2.2 Methods

As a result of the highly brittle nature of these materials at ambient temperatures,
fracture toughness properties were assessed using a variety of different specimens.
Specifically, micro-notched four-point bend SEN(B) beams (38 mm long, with 6 x 3 mm
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cross-section), 3-mm thick compact-tension C(T) (19 x 20 mm) and 3-mm thick disk-
shaped compact-tension DC(T) (25.4 mm in diameter) specimens were electro-discharge
machined from the slugs of material, with the original geometry of the slug dictating
the sample geometry. The samples were ground flat on SiC papers and polished to a 1
um finish using diamond suspensions. As described below, fracture toughness values
were measured in terms of the critical value of the stress-intensity factor at the onset of
crack instability using linear-elastic fracture mechanics, in accordance with ASTM
Standard E-1820.% At 1300°C, however, small-scale yielding conditions were no longer
applicable for these sample geometries; accordingly, nonlinear elastic fracture
mechanics using the J-integral approach was used to calculate the plane-stress fracture
toughness at these temperatures.® With this approach it is possible to overcome the
size constraints of meeting small-scale yielding conditions while still properly
accounting for the extension of the crack.c Specifically, the crack-tip opening
displacement (CTOD) values at crack initiation were optically measured. Once crack
initiation occurred, the samples were unloaded and cooled to room temperature at
15°C/min. | values were then estimated by utilizing Shih’s expression to relate the
CTOD, &t to the J-integral:*

] = (1 Glow 8t, (41)

where c1ow is the flow stress (the average of the yield and ultimate stresses), and
dn is a dimensionless parameter varying from 0.3 to 1 dependent upon the strain-
hardening exponent, 7, the yield strain, and whether a state of plane stress or plane
strain prevails. Assuming plane stress conditions (the samples were too narrow to
satisfy the requirements for plane strain conditions at 1300°C) and reported yield
strengths for these alloys at 1300°C,20?% with a strain-hardening coefficient of n ~0.12,%
crack initiation & values were optically measured (using the 45° intercept method) to
give estimates of the crack initiation toughness, Jic, which are listed in Table 4.III in the
Results section. From these Jic values, it is possible to estimate the equivalent stress

b ] is the nonlinear strain-energy release rate, i.e., the rate of change in potential energy for a unit increase
in crack area in a nonlinear elastic solid. It is the nonlinear elastic equivalent of the strain energy release
rate G. It characterizes the stress and displacement fields at a crack tip in such a solid, and as such can be
used to define the onset of fracture there.

¢ As documented in ASTM Standard E-1820 [33], for linear-elastic Kic measurements, the crack-tip plastic-
zone size must be typically an order of magnitude smaller than (i) the in-plane dimensions of crack length
a and remaining uncracked ligament b (small-scale yielding condition), and (ii) the out-of-plane thickness
dimension B (a condition of plane strain); i.e., a, b, B 2 2.5 (Kic/oy)?, where oy is the yield (or flow) strength.
For nonlinear elastic ] measurements, similar validity criteria exist although the size requirements are
much less restrictive; specifically b, B > 10 (/c/oy).
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intensity fracture toughness values, Kjc, by utilizing the equivalence of K and | under
linear-elastic mode I conditions:

K=(E)*, (4.2)

where E’ = E, the elastic (Young’s) modulus) in plane stress and E/(1 - v?) in plane strain
(v is Poisson’s modulus). Such Kjc values represent the plane stress fracture
toughnesses that would have been obtained if a sample large enough to maintain small-
scale yielding could have been used. The elastic modulus at 1300°C for these materials
was estimated as 260 GPa, based on the experimental and finite element simulations
performed by Biragoni and Heilmaier.* It should be noted that Kruzic, et al.?' did not
test an alloy with ~50 vol.% a-Mo at 1300°C, but the results for their 46 vol.% a-Mo
material should be reasonably comparable to the present alloys.d

At room temperature, fracture toughness testing was performed on an MTS 810
servo-hydraulic load frame (MTS Systems, Eden Prairie, MN) with a displacement rate
of 0.01 mm/min, in general accordance with ASTM Standard E-1820.3 Any stable crack
growth was monitored in-situ using back-face strain gauges. Samples were loaded
monotonically, with periodic unloads (~10% of peak load) used to measure any changes
in compliance, and thus calculate change in crack length.3® Difficulties in fatigue pre-
cracking these brittle materials necessitated the use of radiused micro-notches, where
the machined notched in the test samples were subsequently sharpened with a razor
blade in a 1-um diamond suspension. Sharp micro-notches with a root radius of less
than 20 um were reliably achieved with this method.¢

For high-temperature tests in argon, an MTS 810 servo-hydraulic load frame
equipped with a Centorr Testorr vacuum/inert atmosphere furnace (Centorr Vacuum
Industries, Nashua, NH) was used. Fracture toughness tests at elevated temperatures
were performed in flowing argon gas to prevent oxidation of the samples. Crack length
was monitored in real time using the DC potential-drop technique as calibrated for

d The toughness value reported by Kruzic, et al.?! for their alloy was an overestimate as it was based on a
“rule of mixtures” calculation using the room temperature elastic modulus values. Moreover, the authors
assumed a dn of unity in Eq. 4.1, corresponding to plane stress loading of a perfectly plastic material,
whereas a more accurate value for their material is 0.586. Accordingly, we have recalculated their
toughness values here.

¢ This technique is commonly used for ceramic materials where similarly generating fatigue pre-cracks
can be very difficult. The presence of a stress concentrator with a micron-sized root radius, rather than a
fatigue crack with a root radius closer to atomic dimensions, has the effect of truncating the early portion
of the crack-resistance curve (R-curve) and thereby slightly elevating the crack-initiation toughness.
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elevated temperatures.”” All high-temperature test samples were held at 1300°C for 20
minutes prior to testing to allow the sample temperature to equilibrate.

Scanning electron microscopy (SEM), and Auger electron spectroscopy (AES)
were used to analyze the microstructure, fracture path and fracture surface of each
alloy. Samples used for microstructural and crack path analysis were etched in
modified Murakami’s reagent (15 g potassium ferricyanide, 2 g NaOH in 100 mL water)
to reveal the grain structure. Oxygen and silicon levels in the grain boundaries and the
interior of a-Mo grains were studied using notched beam-like specimens. The beams
were notched with a diamond saw followed by sharpening with a razor blade. The
specimens were fractured at room temperature in an ultra-high vacuum (UHV)
chamber of a field emission Auger microprobe (PHI 680 Auger Nanoprobe, Physical
Electronics, Inc., Chanhassen, MN). The samples fractured in a highly intergranular
manner, allowing for the study of impurities in the grain boundaries. a-Mo grains
which fractured transgranularly were used to study the impurity levels within a-Mo
grains. Fracture surface impurities were analyzed by Auger spectrometry at 10 kV /20
nA immediately after fracturing the specimens at a vacuum between 10 and 10-° torr.
Impurity maps were created by overlaying the Auger data on images of the fracture
surfaces taken by the same machine.

4.3 Results

4.3.1 Uniaxial tension/compression properties

Very little basic tensile data have been reported for any of these alloys, especially
at room temperature. All three alloys display negligible ductility and fracture in a
brittle manner; no room temperature yield or tensile strength data are available. Based
on Rockwell C hardness indentation, the respective UTS values of the ULTMAT and
Middlemas alloys at room temperature are estimated as approximately 2100 and 2200
MPa.f At elevated temperature, some data has been published, but the test method
used (as well as the testing temperatures) varies, so it is somewhat difficult to make a
direct comparison for some properties. Large differences in the coefficients of thermal
expansion between the intermetallic phases and a-Mo lead to tensile thermal stresses
after HIPping and vastly different yield strengths for these alloys in tension and
compression.” At 1300°C, in vacuo, the Middlemas alloy had yield and tensile strengths
of 419 and 436 MPa, respectively, and an elongation to fracture of 10%.% At 1200°C, in
vacuo, the Kruzic alloy had yield and tensile strengths of 336 and 354 MPa, respectively,

f These alloys are extremely brittle at room temperature. As the UTS values are estimated from hardness
indentations, they are undoubtedly representative of the compressive (rather than tensile) strengths.
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and an elongation at fracture of 1.8%.2° The only tensile yield and ductility data
published for the ULTMAT alloy at 1300°C is for an alloy formed via gas-atomization.?
Data from Jéhanno, et al.?° for compression of the mechanically alloyed material studied
here and gas-atomized Mo-5i-B alloys shows a convergence of strengths as the testing
temperature approaches 1300°C. As a result, comparisons can be drawn between the
reported yield strength for the ULTMAT alloy and the Middlemas and Kruzic alloys,
even though the microstructures for the gas-atomized alloy and the mechanically
alloyed Mo-5i-B used in this study are slightly different. The alloy studied by Jéhanno,
et al.>> had a yield strength of 275 MPa, a tensile strength of 315 MPa and an elongation
to fracture of 20%. These results are summarized in Table 4.1.

Table 4.I: Summary of the high temperature tensile properties of several Mo-35i-1B

(wt.%) alloys
Alloy Test Condition | oy (MPa) | ours (MPa) | Ductility (&)
ULTMAT? | 1300°C, in vacuo 275 315 20.2%
Middlemas? | 1300°C, in vacuo 419 436 10.0%
Kruzic?® 1200°C, in vacuo 336 354 1.8%

4.3.2 Fracture Toughness Behavior

4.3.2.1 Room Temperature

During fracture toughness testing at room temperature, no subcritical (stable)
crack growth was observed prior to outright fracture in either of the fine-grained
(ULTMAT and Middlemas) alloys; instead, samples fractured immediately at the onset
of crack initiation. Crack-initiation toughnesses, Kic, for each alloy are shown in Table
4.I1 where they are compared with initiation toughness data for the Kruzic alloy of
comparable composition, but containing an order of magnitude larger a-Mo grains.
Also shown are data for a fine-grained Mo-5i-B alloy (termed the Choe alloy) with a-
Mo alloy phase that is both lower in content (38 vol.%) and discontinuous (as isolated
islands) within an intermetallic (M0sSiB2 + M0sSi) matrix.2'> It can be seen that the
ULTMAT and Middlemas alloys have nearly identical crack-initiation toughnesses as
the Choe alloy. All the finer-grained alloys, however, have a much lower (~36%) room
temperature fracture toughness than that the coarse-grained Kruzic alloy.

Table 4.II: Summary of the measured crack-initiation fracture toughness data for
several Mo-Si-B alloys at ambient temperatures
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Alloy Grain Size| Grain Morphology | Crack-Initiation Standard

(um) Toughness Kic Deviation

(MPaVm) (MPaVm)
ULTMAT?% ~20 Continuous a-Mo 7.80 0.92
Middlemas? 5-20 Continuous a-Mo 7.13 0.53
Kruzic® >100 Continuous a-Mo 11.75 N/A
Choe? 10 Discontinuous a-Mo 7.15 N/A

Scanning electron microscopy of the fracture surfaces showed intergranular
fracture to be the dominant failure mechanism. Compared to the Kruzic alloy (Fig.
4.3c), both the ULTMAT (Fig. 4.3a) and Middlemas (Fig. 4.3b) alloys exhibited a far
higher proportion of intergranular failure consistent with their negligible ductility. They
both failed catastrophically as soon as cracks initiated with no evidence of a rising R-
curve, though the lack of subcritical crack growth in these alloys was likely an effect of
the relative bluntness of the radiused notch as compared to a fatigue pre-crack.s In
contrast, the coarse-grained Kruzic alloy displayed ~3 mm or so of subcritical cracking
prior to failure, consistent with limited rising R-curve toughening behavior. Note that
even the Choe alloy exhibited a small degree of rising R-curve toughness behavior with
~1 mm of stable crack extension.>!> The room temperature toughness of these materials,
as well as any rising R-curve behavior with stable crack extension is shown in Fig. 4.4.

4.3.2.2 Elevated Temperature

At 1300°C, both the ULTMAT and Middlemas alloys displayed significant
ductility, such that significant subcritical cracking was observed (Figs. 4.5a&Db).
However, the alloys displayed so much plasticity that tests had to be stopped
prematurely as the bend samples came into contact with the loading fixture; therefore
only limited subcritical crack growth was observed (Note the vastly different scale
markers in Figs. 4.5a-c). Measured and calculated values of these high-temperature

8 The crack resistance- or R-curve provides an assessment of the fracture toughness in the presence of
subcritical crack growth. It involves measurements of the crack-driving force, e.g., the linear-elastic stress
intensity K, the strain energy release rate G or nonlinear elastic J-integral, as a function of crack extension
(Aa). The value of the driving force at Aa — 0 provides a measure of the crack-initiation toughness
whereas the slope and/or the maximum value of the R-curve can be used to characterize the crack-growth
toughness.
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crack-initiation fracture toughnesses for the ULTMAT, Middlemas and Kruzic alloys at
1300°C are listed in Table 4.11I.

Table 4.III: Summary of the crack-initiation fracture toughness data for several Mo-Si-
B alloys at elevated temperatures (1300°C)

Alloy ciow |E(GPa)| dn |CTOD, & |Jic (J/m?) Kjc
(MPa) (um) (MPaVm)

ULTMAT? 295 260 | 0577 11 1872 22

Middlemas?® 428 260 0.600 10 2565 26

Kruzic?! 345 260 | 0.586 10 2022 23

The combined fracture toughness data from Tables 4.II and 4.11I are plotted in
Fig. 4.6 for the current fine-grained ULTMAT and Middlemas alloys, as compared to
the coarse-grained (continuous a-Mo) Kruzic alloy and the fine-grained (lower volume
fraction, discontinuous a-Mo) Choe alloy. Initiation toughness are represented by
closed symbols, while any observed rise in toughness as the result of stable crack
growth is plotted using open symbols. Although the room temperature toughness
behavior of the ULTMAT and Middlemas alloys is poor and resembles that of alloys
with significantly lower volume fractions of a-Mo, at elevated temperature these alloys
significantly outperform the Mo-Si-B materials studied by Choe, et al.>'> and match the
response exhibited by the much coarser-grained Kruzic alloy.?! Tests on the ULTMAT
alloy at intermediate temperatures showed minimal ductility and no stable crack
growth, even though slight gains in the initiation toughness were realized (Fig. 4.6).

4.3.3 Auger Electron Spectroscopy: Oxygen and Silicon Impurities

Fracture surfaces of samples broken in-situ and the corresponding Auger electron
spectra are shown in Fig. 4.7a-c. Spectra were taken from both grain boundary (A1) and
a-Mo grain interior (A2) material. The concentrations of Si and O on the grain
boundaries and in the grain interiors are given in Table 4.IV. It should be noted that
these values do not represent the true impurity levels and while the determination of
exact concentrations of impurities was precluded by standardless analysis, qualitative
statements about impurity levels can still be made. Three other factors make precise
chemical analysis of these alloys by AES more difficult. Firstly, oxygen adsorbs readily
onto the fresh fracture surfaces from the ultra-high vacuum (>10- torr) atmosphere,
making precise determination of oxygen levels on the fracture surface difficult without
Monte Carlo simulations of oxygen attachment to allow for the subtraction of the ever-
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increasing background oxygen.* Secondly, the peaks for Mo and B overlap, so B levels
cannot be determined via this technique without using standards. Lastly, slight overlap
of the Si and Mo peaks artificially lowers the reported silicon levels in the transgranular
regions. Though standardless AES analysis cannot provide exact impurity levels, it is a
useful technique for mapping locations of higher and lower impurity concentrations, as
shown in Fig. 4.8a-f.

Only slight differences in the oxygen levels in both the grain boundaries and
grain interiors were observed for all three alloys. While adsorption of oxygen onto the
surface throughout the duration of the experiment prevents exact determination of
oxygen levels, each sample was exposed to the atmosphere for the same amount of time
(~10 minutes), thereby implying similar amounts of adsorbed oxygen. The oxygen
maps do not show much difference between the oxygen distributions in the three alloys,
but individual scans of the grain interiors and grain boundaries for all three alloys do
reveal differences. Since the adsorbed oxygen level is assumed to be similar for all three
alloys, it is possible to use the difference in oxygen peak intensity for the grain
boundaries and grain interiors to qualitatively describe oxygen segregation in these
alloys. As shown in Fig. 4.6a, the oxygen peak intensities are nearly identical for the
ULTMAT alloy, implying little oxygen segregation in this alloy. By contrast, as shown
in Figs. 4.6b and 4.6c, the Middlemas and Kruzic alloys display marked differences in
the oxygen peak intensities for the grain boundaries and grain interiors. The higher
peak intensities for the grain boundaries of these alloys imply a higher degree of oxygen
segregation.

Table 4.IV: Impurity Si and O Levels as measured via Auger Electron Spectroscopy

Material Location Si (at. %)|O (at. %)

ULTMAT Grain Boundary| 35.5 7.7
Grain Interior 7.2 8.7

Middlemas Grain Boundary| 31.0 8.8
Grain Interior 4.3 13.7

. Grain Boundary| 10.3 11.7

Kruzic

Grain Interior 4.7 17.7

Unlike the oxygen impurities, which displayed small, but nontrivial grain
boundary segregation, large variations in the silicon levels existed both between the
grain boundaries and grain interiors and between alloys. For each alloy, the interior of
a transgranularly-fractured a-Mo grain was analyzed, revealing a similar amount of
silicon for all three alloys. In each case, the level of Si within the grain was much lower
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than that of the grain boundaries. Areas of high silicon content correspond to regions of
intergranular fracture. The grain boundaries of the ULTMAT and Middlemas alloys
both contained similar concentrations of Si, although both of these alloys contained
significantly more Si than the Kruzic alloy.

4.4 Discussion

4.4.1 Microstructural Optimization

The design and development of new materials for ultrahigh temperature
applications is invariably a competition between achieving excellent oxidation
resistance and creep strength at service temperatures and maintaining adequate
ductility and toughness at both low and high temperatures. Unfortunately, the
microstructural requirements to achieve acceptable behavior in all three categories are
generally mutually exclusive. This is a particularly difficult problem in Mo-Si-B alloys
where the microstructures for optimal oxidation resistance, creep strength and damage
tolerance (strength and toughness) are so contradictory. Specifically, for oxidation
resistance, the three-phase alloys with very small discontinuous grains are best as the
small grains limit the probability that an a-Mo grain will be exposed to oxygen;
likewise, the small grains provide a short diffusion pathway allowing for faster
passivation than in coarser-grained alloys.*! In direct contrast, optimal room-
temperature damage tolerance is afforded by large, continuous a-Mo grains that
promote extrinsic toughening" by the generation of ductile ligament bridges that act to
“shield” a crack tip from the full force of an applied stress, thereby inhibiting crack
advance.???! Corresponding high-temperature toughness is also promoted by a high
volume fraction of a-Mo as the ductility of this phase generates extensive plasticity
which toughens the alloy intrinsically. In further contrast, optimal creep response is
provided by alloys with large intermetallic grains surrounding small islands of a-Mo,
which limits the number of high-diffusivity pathways such as grain boundaries;*® a low
volume fraction of a-Mo is also desirable, as the relative ease of deformation of a-Mo at
high temperatures allows individual intermetallic particles to rearrange easily. Fig. 4.9
shows schematic illustrations of the microstructural morphologies necessary to
maximize material response for each property.

" Toughening in materials can be considered as a mutual competition between intrinsic and extrinsic
mechanisms. Intrinsic toughening mechanisms dominate in ductile materials; they operate ahead of the
crack tip to generate resistance to microstructural damage, with the most prominent mechanism being
that of plastic deformation. Extrinsic toughening mechanisms, conversely, operate primarily in the wake
of the crack tip to inhibit cracking by “shielding” the crack from the applied driving force.44 Whereas
intrinsic toughening mechanisms are effective in inhibiting both the initiation and growth of cracks,
extrinsic mechanisms, such as crack bridging, are only effective in inhibiting crack growth.443
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The alloys developed by Jéhanno, et al.??* and Middlemas, et al.?”® attempt to
address the needed improvement in oxidation resistance while having a negligible
impact on damage tolerance. However, as shown in this paper, the “triplex”
microstructures of continuous a-Mo intermixed with intermetallic grains actually
significantly decrease room-temperature toughness compared to the coarser-grained
microstructures such as the Kruzic alloy,?! even though the volume content of a-Mo is
the same (~55 vol.%). The critical point here is that at low temperatures, Mo-5i-B alloys
are truly brittle materials as the a-Mo phase can only provide for very limited ductility.
Brittle materials can only be toughened extrinsically, and as such the coarser
microstructures are able to generate toughness (more precisely crack-growth resistance)
through such shielding processes as crack deflection and ductile-ligament bridging.
The much smaller grains in the ULTMAT and Middlemas alloys do not act as such
impediments to crack propagation. Though a large volume fraction of a-Mo would
imply a very high probability of the more ductile grains interacting with a moving crack
and trapping it, the extremely small grain size provides a pathway by which a crack can
avoid the more ductile grains without a large increase in energy. Correspondingly, the
room-temperature fracture profile for the ULTMAT alloy shows a very flat crack
trajectory (Fig. 4.10a); though not shown, the Middlemas alloy exhibited similar
behavior. Although cracks can deflect at a-Mo grain boundaries, the small deviation in
crack path requires very little additional energy, and thus is limited in its efficacy as an
extrinsic toughening mechanism. Since the crack can easily avoid the small ductile
grains, this also restricts what little plasticity may be present. An important observation
in the present work is that embrittlement of the grain boundaries further serves to
weaken the material, and can reduce the crack-initiation toughness. The coarser-
grained Kruzic alloy, conversely, readily forms uncracked regions across the a-Mo
grains at room temperature (Fig. 4.10b). The resulting uncracked ligaments then act to
bridge the crack, thereby carrying load that would otherwise be used to further crack
extension, and as such extrinsically toughen the material. As the crack extends
subcritically, more uncracked ligaments are left in the crack wake, leading to the rising
R-curve behavior.? Previous work has shown that coarse equiaxed microstructures are
more effective than fine equiaxed microstructures at increasing the crack growth
toughness of intermetallic alloys through bridge formation.?!4

4.4.2 Plastic Constraint

Another factor lowering the room-temperature toughness of these alloys is the
high degree of plastic constraint imposed on the ductile a-Mo grains by the hard
intermetallic phases. The presence of hard particles limits the ductility of a-Mo grains,
and thus lowers their effectiveness as crack traps and bridges. Chan and Davidson®
developed a model to account for the decrease in toughness caused by plastically-
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constrained ductile particles. In the case of constrained ductile particles, they proposed
that the toughness of a ductile-phase toughened brittle material is given by:

K, = KPe {1+ llf{[lli%::J exp (%(%Dlﬂ (4.3)

where KcPritfe and KcP«tie are the toughnesses of the brittle and ductile phases, f is the
volume fraction of brittle phase and g is a geometric factor here taken to be unity
(representative of spheroidal particles). For an unconstrained ductile phase, the

corresponding toughness is given by:%

N2
e 2 KDuctzle
c

Using toughness values of ~3 MPaVm for the brittle (intermetallic) phase(s)*4”
and ~15 MPaVm for the ductile (a-Mo) phase, these models predict that the toughness of
the alloy would be reduced from ~13.8 MPaVm for an unconstrained ductile phase to
~4.8 MPaVm for a constrained ductile phase. While not particularly predictive of the
absolute toughness values of the current alloys (Eqgs. 4.3-4 are especially sensitive to the
volume fraction at which hard particles begin to contact the ductile phase as the
strengthening contribution afforded by hard particles is constant once contact is
established*), these models do serve to illustrate the loss in extrinsic toughening, by a
factor of ~3, associated with the constraint imposed by the hard intermetallic grains on
the more ductile a-Mo phase. In fact, in the terminology adopted by Chan and
Davidson,* both the ULTMAT and Middlemas alloys suffer from “brittle-phase
embrittlement” where the high degree of plastic constraint imposed by the high volume
fraction of intermetallic (MosSi and MosSiB2) grains acts to counteract the potential
ductile-phase toughening afforded by the a-Mo grains. As a result, any a-Mo grains
that interact with a crack will break, or cause deflection of the crack into the grain
boundaries, rather than exhibit the crack trapping-reinitiation mechanism necessary to
form a ductile ligament bridge. This issue is exacerbated by small grain sizes, as the
mean free path between two intermetallic grains is shorter increasing the amount of
constraint on each a-Mo grain. Lin and Chan* showed that the maximum effective
plastic strain occurs within the interface between a strengthening particle and the
surrounding matrix (here the grain boundaries between the harder intermetallic phases
and the a-Mo matrix). As a result, grain boundaries fail prematurely, lowering the

toughness of the material.
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4.4.3 Influence of Impurities

While some degree of grain boundary weakness (and thus intergranular fracture)
is advantageous to the toughness of these alloys (and is in fact necessary for the
formation of interlocking grain bridging ligaments), a purely intergranular fracture of
severely weakened grain boundaries would severely limit any such (extrinsic) crack-
growth resistance. In such a situation, the toughness of the alloy is governed by the
toughness of the grain boundary, and not the toughnesses of the constituent phases.
Conversely, increased interfacial strength can lead to premature failure of uncracked
ligaments* or crack penetration and transgranular cleavage instead of deflection,* again
limiting the ability of the material to be toughened extrinsically. As a result, akin to
many ceramic materials,* precise control of the concentration of grain-boundary
impurities, such oxygen and silicon which lower grain boundary strength, is vitally
important for insuring enhanced damage tolerance in these alloys.

Another consideration limiting the effectiveness of a-Mo as a ductile phase is
solid-solution strengthening of molybdenum by silicon. The a-Mo phase in these alloys
can contain as much as 4 at.% Si! greatly increasing the strength of this phase, at the cost
of reduced ductility and toughness.?*2 The dearth of plasticity afforded by the solid
solution phase magnifies the effects of plastic constraint, as the contact stresses caused
by the intermetallic grains cannot be alleviated by plastic deformation. As a result, the
values used for the toughness of the “ductile” phase in Eqs. 4.3 and 4.4 are likely
overestimated. Sturm, et al.>>showed a drop in room temperature toughness from 24
MPayVm for pure molybdenum to ~5 MPaVm for a solid solution containing 2 at.% Si.

Scanning Auger electron spectroscopy was performed in an effort to locate any
oxygen or silicon impurities in both the fine-grained alloys, as well as the coarse-
grained Kruzic alloy. Oxygen is known® to have has a deleterious effect on the
strength of grain boundaries in molybdenum alloys. Free oxygen has a greater
potential to weaken the grain boundaries than oxygen tied up in silica or other glassy
inclusions, so the location of any oxygen impurities is vitally important to these alloys’
structural performance. Silicon is also well known® as a solid solution strengthener of
Mo at the expense of toughness; however, it can segregate to grain boundaries, greatly
reducing their cohesive strength.

Though some degree of oxygen segregation was apparent in the Middlemas and
Kruzic alloys, it is difficult to comment on the severity of this segregation based on
these results. The presence of Si on the grain boundaries of these materials, as shown in

i This implies that the a-Mo phase remains supersaturated with Si after precipitation of the intermetallic
phases, which is not uncommon for mechanically alloyed materials.5!
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Figs. 4.6a-c, is problematic, especially in the case of the fine-grained ULTMAT and
Middlemas alloys, which have a much larger grain boundary volume than the Kruzic
material.

The disparity in Si levels is a result of the processing method used to
manufacture each alloy. The powders used to make the Kruzic alloy are vacuum
annealed to enrich the powder particle surfaces in Mo by driving off Si as volatile
Si0.1721 Hot-isostatic pressing these surface modified powders created a continuous a-
Mo microstructure with very low Si content in the grain boundaries, as the particle
interfaces (which become grain boundaries upon sintering) were silicon-depleted.

The processing methods used to create the ULTMAT and Middlemas alloys can
result in excess Si in the a-Mo phase. Specifically, supersaturation of the a-Mo phase
during mechanical alloying can lead to segregation of Si to grain boundaries during
precipitation of the intermetallic phases. Likewise, incomplete reaction of Mo and SisNa
to form MosSi and MosSiB: can lead to excess free silicon, which then segregates to grain
boundaries, lowering their cohesive strength.

4.4.4 Microalloying with Zr to improve the ductility of a-Mo

Microalloying elements such as Zr have been shown to increase the room
temperature ductility of Mo-5i-B alloys> by gettering oxygen and competing with Si for
grain-boundary atomic sites. Zirconium increases grain-boundary adhesion in Mo-5i
alloys and thus increases strength, while at the same time allowing for some plastic
deformation, even at room temperature.* The “ductilizing” effect of Zr additions is
even greater at elevated temperatures. Although the exact effects of Zr on the
toughness of Mo-5i-B alloys have not been studied in depth, initial results are
promising. Schneibel, et al.!® showed a 50% increase in initiation toughness for a Mo-
125i-8.5B (at.%) alloy with the addition of 1.5 at.% Zr. However, some of these
toughness gains were lost when the Zr content was raised to 3 at.%, behavior that the
authors were unable to explain.

The increased ductility afforded by Zr comes at a heavy price, however. Burk, et
al.> demonstrated that Zr additions as small as 0.5 at.% accelerate the formation of a
borosilicate layer, which is not protective at 1300°C. The damaging effects of Zr
additions arise from two phenomena: (i) increased oxygen diffusion and gas
permeation possibly caused by a viscosity change, and (ii) the formation of voids
resulting from a phase change in the ZrO: which causes shrinkage.® At temperatures
above 1100°C, ZrO: can undergo a phase transformation from a monoclinic structure to
a tetragonal structure, accompanied by a decrease in volume. This shrinkage leaves
pores within the SiO: layer which act as pipes to the base alloy underneath the SiO:
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layer. As aresult of the high oxygen pressure that develops, volatile MoOs forms
readily and leaves behind additional porosity, exacerbating the speedy oxidation of the
base material. Pre-oxidation of these materials at oxygen partial pressures in the range
10-12-10-" bar are required to alleviate this problem.>

4.4.5 Fracture at Elevated Temperatures

The fracture behavior of the fine-grained alloys is quite different at elevated
temperatures; above the ductile-brittle transition temperature for these materials (at
~1150°C?2) the enhanced ductility of the a-Mo phase now allows for significant plastic
deformation. In fact, Jéhanno, et al. showed that Mo-2.7Nb-8.95i-7.7B (at.%) alloys can
exhibit superplastic behavior at 1300°C at strain rates as high as 10-%s1.245” Alloys tested
under these conditions exhibited strains to failure in excess of 400%.24%” As the alloys
can now be considered as ductile, intrinsic toughening associated with plasticity
provides the dominant contribution to the toughness. This is primarily governed by the
volume fraction of the ductile a-Mo phase, rather than the grain morphology, with the
result that at 1300°C, the fine-grained ULTMAT and Middlemas alloys, with their high
volume fraction of a-Mo, now display comparable toughness to the coarse-grained
materials (Fig. 4.5). At temperatures as low as 300°C, pure molybdenum can have an
initiation toughness greater than 60 MPaym3 with the toughness at 1300°C expected to
be much higher. The toughness of the silicon-containing a-Mo phase will not be as high
as that for pure Mo (owing to the effects of solid solution strengthening), but it should
be clear that the adverse effects of plastic constraint can be overcome once the ductile-
brittle transition temperature is surpassed. At elevated temperatures, uncracked grain
ligaments are much easier to form, even for such fine-grained materials as the ULTMAT
and Middlemas alloys. The reduced strength of a-Mo at elevated temperatures lowers
the barriers to plastic deformation, allowing for significant crack blunting. As a result
of this blunting, crack reinitiation must occur, leaving behind an uncracked grain
ligament. It is unclear at this time how the contribution to toughening by uncracked
ductile ligaments will differ between the fine-grained and coarser-grained materials.
The additional toughness afforded by uncracked ductile ligaments can be understood
by an examination of the strain-energy release rate, G.J Sigl, et al.® described the
toughening contribution of uncracked ligaments, in terms of the strain energy release
rate G = K%E, by:

AG=Vioyt g, 4.5)

i The strain-energy release rate, G, is another measure of toughness, which describes the amount of strain-
energy dissipated by an advancing crack. G is related to the linear-elastic fracture toughness, K, by G =
K?/E” + Ku¥/E'+Ku?/2 5, where E’ is E (plane stress) or E/(1-v)? (plane strain, vis Poisson’s ratio) and xis the
shear modulus.
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where Vis the volume fraction of bridges, oy is the yield strength, ¢ is the size of
the bridges and y is a work of rupture, dependent on the ductility, plastic constraint
and strain hardening of the ductile phase. At elevated temperatures, the ductility of
these alloys is significantly increased, but the yield strength is much lower. As a result,
the crack-growth toughness (i.e., the slope of the R-curve) will not be affected as greatly
as the initiation toughness, although some gains are expected.?? While the smaller
grains of the ULTMAT and Middlemas alloys would imply smaller bridges (as are
observed in Figs. 4.4a & b), a larger number of grains can act as bridges. Campbell, et
al.* demonstrated that a large volume of many small bridges may be nearly as effective
at producing crack growth toughness in y-TiAl as a smaller volume of fewer large
bridges. Campbell, et al.* observed the largest toughness increase in materials
containing high-aspect ratio lamellae, while the increase toughness caused by bridging
was more limited in material containing equiaxed grains. The potential attractiveness
of ultra-fine grained Mo-3Si-1B (wt.%) alloys as structural materials is due, in part, to
the possibility of producing a large number of small bridges in these alloys. However,
turther study is needed to quantify the additional crack-growth toughness afforded by
uncracked ductile ligaments in these finer-grained, equiaxed materials.

Note that for a similar loads and plastic strains in Figs. 4.5a & b, the damage
around the crack tip is much more widespread for the ULTMAT alloy than the
Middlemas alloy. It is likely that higher concentration of oxygen impurities, arising
from oxygen entrainment during mechanical alloying leads to a degradation of the
effectiveness of the extrinsic toughening mechanisms. Few SiOx particles were
observed, so it is unlikely that the entrained oxygen reacted with free silicon to form
oxide particles, which have much less effect on the fracture toughness of these
inherently brittle alloys. Instead, the oxygen remains free to embrittle the grain
boundaries, reducing the effectiveness of any extrinsic toughening mechanisms. Asa
result, the ULTMAT alloy, with its much higher bulk oxygen impurity level,»% will
likely have a shallower R-curve, i.e., the crack-growth toughness of the ULTMAT alloy
will be lower than the Middlemas alloy, though further experimentation is necessary to
confirm this behavior.

4.4.6 Environmental Effects

As these materials are unlikely to see service in inert atmospheres, the fracture
behavior of Mo-Si-B alloys under the combined effects of temperature and oxidative
atmospheres is of critical importance, although this has received scant attention in the
literature. Only two studies have probed the effect of oxidation on the high
temperature fracture behavior of Mo-Si-B alloys; both examined materials with
discontinuous a-Mo, where the oxidation response was superior yet their toughness
behavior was inferior to those in the current study.
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Schneibel, et al.'* showed a moderate increase in the initiation toughness of their
Mo-125i-8.5B (at.%) alloy when tested in air at 1200°C (20 MPavm, as compared to ~10
MPavm at room temperature), but they did not report any toughness values for samples
in inert atmosphere. The alloy that they tested was identical to the material studied by
Choe, et al.>'> who reported an initiation toughness of ~10 MPaVm at 1300°C in Ar. Few
details are provided by Schneibel, et al.’ regarding their testing procedure, except that
they used chevron-notched samples, so their toughness values would be elevated, as
explained in Footnote d. Even accounting for the effects of the chevron notch,
Schneibel, et al."reported an initiation toughness value for their alloy tested in air at
1200°C that is 50% larger than that reported for the same alloy by Choe, et al.>% tested in
Ar at 1300°C. The origin of this discrepancy is unknown, and difficult to explain
without more information regarding the test methods used by Schneibel, et al.'®

Alur and Kumar!! have provided the only rigorous study of effect of the
interplay of oxidation and elevated temperature on the fracture toughness of Mo-5i-B
alloys to date, but they only tested in air up to 600°C owing to the relatively poor
oxidation performance of their two-phase alloys; their exposure times to air at elevated
temperature were also very short. Their work showed that in the regime 20°-600°C, the
presence of an air atmosphere has little effect on the fracture toughness of Mo-5i-B
alloys;!! this follows because their toughness tests only lasted tens of minutes and this
was not long enough for significant oxidation to occur. The oxidation effect is naturally
much more important for longer term fatigue testing; in fact Alur and Kumar!! showed
an increase with temperature in the Paris exponent for fatigue-crack growth of their
material when cycled in air, whereas this exponent decreased significantly for tests in
vacuo over the same temperature range, behavior which is indicative of the embrittling
capabilities of oxygen at elevated temperatures. Accordingly, in order to properly
assess the effects of oxidation on fracture behavior, it is necessary to allow steady-state
oxidation to develop before toughness testing begins. Transient oxidation (the initial
mass loss caused by the evaporation of MoO:s) transitions to steady-state oxidation in
approximately 2 hours at 1100°C for these alloys.?** To date, a comprehensive study
on the effects of oxidation on the fracture behavior of these alloys has not been
performed.

4.4.7 Influence of Processing Method

Finally, it is of note that the ULTMAT and Middlemas alloys achieve nominally
identical microstructures via very different processing routes. Both mechanical alloying
and reaction synthesis have the advantage of industrial scalability, a property that was
noticeably lacking in previously-studied processing methods such as those described by
Berczik,”1? Jéhanno, et al.?>% or Schneibel, et al.'” Each process can yield sub-micron
equiaxed grains (if sub-micron powders are initially used in the case of the Middlemas

120



alloy), allowing for superplastic deformation and thus much easier forming.
Mechanical alloying will necessarily lead to higher impurity levels, especially oxygen,
as it is impossible to handle the materials under an inert atmosphere throughout the
entire process. Reaction synthesis can lead to much lower impurity levels, as no foreign
media, such as milling media, need to be introduced. Reaction synthesis also affords
much greater microstructural flexibility. Precipitation of the intermetallic phases from a
mechanically alloyed matrix leads to the creation of an equiaxed grain structure.
Further microstructural changes require post-processing steps such as extrusion. By
altering the morphology or chemical composition®-¢2 of the starting powders, it is
possible to create a greater range of microstructural morphologies with reaction
synthesis, though some post-processing may still be necessary. At 1300°C, the strength
of the Middlemas alloy is ~30% greater than that of the ULTMAT alloy, while its
ductility is only half as much. This effect is likely the result of the smaller grain size of
the ULTMAT alloy, which allows for superplastic deformation at the reported strain
rate.#” The paucity of reported mechanical properties for Mo-Si-B makes a precise
comparison difficult.

4.5 Conclusions

An experimental study of the ambient- and elevated-temperature (1300°C)
fracture behavior of two fine-grained, ~55 vol.% continuous a-Mo, Mo-35i-1B (wt.%)
alloys (the ULTMAT and Middlemas alloys) was conducted, and the results were
compared to a similar alloy (the Kruzic) with a much coarser grain structure tested
previously. From these experiments, the following conclusions can be made:

1. Although the fine grain size of both the ULTMAT and Middlemas alloys allows for
quick passivation and minimal mass loss during oxidation, poor low-temperature
fracture toughness results from a lack of extrinsic toughening.

2. The low toughness of the fine-grained materials is exacerbated by their weak grain
boundaries and high levels of plastic constraint caused by the fine-grained
intermetallic phases which further inhibit bridge formation at room temperature.

3. While Auger electron spectroscopy of oxygen levels was inconclusive, much larger
silicon levels were found in the grain boundaries of the ULTMAT and Middlemas
alloys than in the grain boundaries of the Kruzic alloy. The processing method used
to manufacture the Kruzic alloy creates powders whose surfaces (and thus the
resulting grain boundaries) have been depleted of silicon.

4. Since silicon segregation is known to lead to a preponderance of intergranular
fracture in these alloys, alloying additives must be found to prevent limit this
segregation.
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. Zirconium at first seems promising as a ductilizing agent, as small amounts have
been shown to greatly increase the room temperature toughness of Mo-5i-B alloys,
but the adverse effect of Zr on the oxidation resistance of these alloys limits its
usefulness. Pre-oxidation at very low oxygen partial pressures is required to
prevent catastrophic oxidation of Zr-containing alloys.

At elevated temperatures the increased ductility of a-Mo generates significant
plasticity (and hence intrinsic toughening), resulting in an almost four-fold increase
in the (crack-initiation) fracture toughness, approaching that of the coarse-grained
alloys.

. Above the ductile-brittle transition temperature the morphology and distribution of
a«-Mo grains becomes a less important factor in the development of toughness;
instead, the volume fraction of the highly-ductile a-Mo phase determines the
fracture toughness.

. Further optimization of these alloys is still required to tailor their microstructures for
the mutually-exclusive requirements of oxidation resistance, creep resistance and
damage tolerance. Specifically, for optimum oxidation resistance, three-phase alloys
with very small, discontinuous grains are required, whereas for creep resistance,
small, discontinuous islands of a-Mo within a large-grained intermetallic matrix are
superior. The most damage-tolerant microstructure, conversely, consists of large,
continuous a-Mo grains as the matrix phase.
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4.7 Figures

Fig. 4.1: Mo-rich portion of the Mo-5i-B phase diagram. Two alloy families have been studied
extensively: Mo3Si-Mo055i3-Mo5SiB2 (red)*” and a-Mo-MosSi-MosSiB2 (blue).8® The composition used in
this study, Mo-35i-1B wt.% (Mo0-8.95i-7.7B at.%) is shown.
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Fig. 4.2: Micrographs of the microstructures of (a) ULTMAT,? (b) Middlemas? and (c) Kruzic* Mo-35i-1B
(wt.%) alloys. The ULTMAT and Middlemas alloys exhibit a continuous a-Mo matrix (50 vol.%, light
gray) interspersed with intermetallic grains (~50 vol.% dark gray). The 5-20 um grains of these alloys are
roughly an order of magnitude smaller than those in coarser-grained Kruzic alloy. All samples were
etched in Murakami’s reagent to reveal the grain morphology.
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Fig. 4.3: Scanning electron micrographs of room-temperature fracture surface of the (a) ULTMAT,? (b)
Middlemas? and (c) Kruzic alloys.?! Note the significant increase in the amount of intergranular fracture
for the ULTMAT and Middlemas alloys, as compared to the Kruzic alloy (indicated by arrows). At room
temperature, the ULTMAT and Middlemas alloys have much lower crack-initiation fracture toughnesses
than the Kruzic alloy, and exhibit negligible rising R-curve behavior, i.e., unlike the coarse-grained Kruzic
alloy, the fine-grained alloys do not tolerate any subcritical cracking prior to catastrophic failure.
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Fig. 4.4: Room temperature fracture toughness versus crack extension for Mo-Si-B alloys. Crack
initiation toughnesses are plotted as closed symbols, while crack growth toughnesses are open symbols.
The coarse-grained Kruzic alloy? displayed rising toughness with crack extension, caused by an
accumulation of uncracked ligaments in the crack wake. Similar, but less potent, toughening was
observed by Choe, et al.2 for their Mo-12S5i-8.5B (at.%) alloy which contained ~21 vol.% discontinuous a-
Mo. Neither the ULTMAT nor Middlemas alloys displayed any stable crack growth, even though they
contained the same ~55 vol.% continuous a-Mo phase as the Kruzic alloy. NB: The tests performed on the
ULTMAT and Middlemas alloys utilized radiused micro-notches, while the Kruzic and Choe materials
were fatigue pre-cracked.
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Fig. 4.5: Crack profiles near crack initiation at 1300°C for the (a) ULTMAT and (b) Middlemas alloys, as
compared to similar damage in the (c) Kruzic alloy.2! At 1300°C, the increased ductility of a-Mo phase
allows for large-scale plastic deformation and blunting of the crack tip. The initiation toughness values
for each alloy, estimated from the crack-tip opening displacements, were approximately the same.
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Fig. 4.6: Fracture toughness as a function of temperature for Mo-5i-B alloys. Crack-initiation toughnesses
(closed symbols) are plotted along with any increases in toughness with crack extension (open symbols).
The highest room temperature toughness value for the Kruzic alloy was obtained after more than 3 mm
of stable crack growth.?! At low temperatures, neither the ULTMAT nor the Middlemas alloy exhibited
any stable crack growth prior to unstable fracture. The ductile-brittle transition temperature for these
materials is ~1000°C,% so only moderate gains in initiation toughness are expected below this
temperature, as demonstrated by the ULTMAT alloy. At 1300°C, the enhanced ductility of the a-Mo
phase markedly improves the initiation toughness of alloys containing ~50 vol.% a-Mo. At this
temperature, the volume fraction of a-Mo becomes a more important factor in developing toughness
(intrinsically from plasticity) than the distribution and morphology of a-Mo grains (which leads to
extrinsic toughening from mechanisms such as crack bridging).
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Fig. 4.7: Fracture surface and associated AES spectra for ULTMAT (a), Middlemas (b) and Kruzic (c)
alloys. Spectra were collected from both a-Mo grain interior (A1) and grain boundary (A2) material.
While the spectra only provide qualitative impurity information, it is important to note the significantly
higher silicon levels in the grain boundaries than the a-Mo grain interiors. More telling is the significant
difference in grain-boundary silicon levels of the ULTMAT and Middlemas alloys as compared to the
Kruzic alloy. Si is known to embrittle Mo and lead to intergranular failure,>* implying a possible cause
for the reduced room-temperature toughness of the ULTMAT and Middlemas alloys. The green arrow in
(a) represents a SiOx oxide particle that has been pulled out. Only a few silicon oxides were found.
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Fig. 4.8: Auger electron spectroscopy maps of impurity content on grain boundaries overlaid on the
corresponding room-temperature fracture surfaces for the (a&b) ULTMAT, (c&d) Middlemas and (e&f)
Kruzic alloys. Areas of high oxygen concentration (red) and high silicon content (blue) are shown. Both
Si and O segregate to grain boundaries, reducing interfacial strength and increasing the occurrence of
intergranular fracture. Note the high concentrations of Si in the regions that fractured intergranularly,
while almost no Si is found in regions that fractured transgranularly. No effort has been made to account
for surface adsorption of oxygen from the surrounding atmosphere (vacuum > 10 torr) during testing, so
the oxygen levels are artificially high. Also note the difference in scale for (e) & (f).
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Fig. 4.9: Schematic illustrations of the ideal microstructures to improve oxidation resistance, creep
resistance and damage tolerance of Mo-5i-B alloys. The morphological considerations for improvement
in each area are mutually exclusive, so optimization of the properties of each phase is necessary.'s
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Fig. 4.10: Crack paths during fracture at room temperature in the (a) fine-grained ULTMAT alloy and (b)
coarse-grained Kruzic alloy.?! Note the order of magnitude difference in scale. The coarse grains in (b)
trap an advancing crack, requiring re-initiation to continue crack propagation. The resulting uncracked
ligaments then act to bridge the crack, thereby carrying load that would otherwise be used to further
crack extension; such extrinsic toughening leads to rising R-curve behavior. The fine grains in ULTMAT
(and Middlemas) alloys are ineffective in generating substantial crack bridges, and therefore do not act as
impediments to crack extension; this leads to a lower toughness at low temperatures, even though the
volume fraction of ductile a-Mo grains is the same. Samples have been etched in Murakami’s reagent to
reveal the grain structure. Crack growth occurred from top to bottom in (a) and left to right in (b).

137



Chapter 5 : Summary

Ceramic-metal composites (such as the Al2Os-Nb constructs discussed in Chapter
1), functionally-graded material joints between dissimilar ceramic materials (Chapter 2)
and intermetallic in-situ composites like the Mo-5i-B alloys discussed in Chapters 3 & 4
have the potential to serve as structural materials in ultra-high temperature
applications, though not without further study.

Nanocrystalline Al:Os, especially with the addition of single-walled carbon
nanotubes, is not a viable material for highly critical parts or load-bearing applications
where damage tolerance is required. While the ultra-fine grain size is advantageous for
developing high strength, the very low toughness of these materials hinders their use.
Small additions of a more ductile material, for instance a refractory metal like Nb, can
improve the toughness of these materials, but the toughness gains for the morphology
studied in Chapter 1 are rather limited. Plastic constraint by the hard Al:Os grains
prevents plastic deformation of the ductile phase from occurring on a large scale. Asa
result, the crack blunting (and thus toughness increase) afforded by this phase is rather
limited. A ceramic-metal composite composed of micron-grained Al:Os dispersed with
elongated Nb (or other refractory metal) grains would be much more damage tolerant
than the current morphology.

While carbon nanotubes provide some measure of electrical conductivity (a
property that may be desired in some applications), they are highly detrimental to the
mechanical properties of A:O-Nb composites. Since the nanotubes have a tendency to
collect on grain boundaries and agglomerate, they act as internal flaws and initiation
sites for cracks. The potential for crack bridging by nanotubes was the initial
motivation for their addition to the composites, but the method by which the nanotubes
were introduced was not conducive to the formation of bridges. To act as effective
bridges, the nanotubes must be highly aligned perpendicular to the direction of crack
growth. Otherwise, they act as brittle inclusions. No care was taken to align the
nanotubes and new processing methods must be developed to produce highly aligned
morphologies.

Sialon polytypoids have been successfully used to create strong joinings of Al2Os
and SisNs. These joints maintain strength at high temperatures, unlike previous
attempts where softening of glassy grain boundary phases severely lowered the high
temperature strength of the joint. These functionally-graded materials utilize a gradient
of mechanical properties across the joint, thereby minimizing the layer to layer
difference in properties. However, the joints described in Chapter 2 are very small.
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Further research needs to be performed to optimize the formation of thicker joints.
Likewise, no effort was taken to study the thermal cycling response of these materials.
Nor was the toughness of these joints studied. Future work needs to concentrate on
these properties if viable functionally-graded joints are to be developed.

The bulk of the research relayed here focused on the fracture behavior of two
Mo-3Si-1B (wt.%) alloys at ambient and elevated temperature. It was shown that at
room temperature, large contiguous grains of ductile phase are required for high
toughness and resistance to crack propagation. A high volume fraction of ductile phase
is by itself not a sufficient requirement for high toughness. The small grains of the
ULTMAT and Middlemas alloys do not provide adequate impediment to crack
advance. Plastic constraint of the ductile phase limits its ability to plastically deform
and thus blunt any cracks which interact with the ductile phase, a phenomenon also
seen in Chapter 1. Grain boundary segregation of Si and O further inhibits toughness by
lowering grain boundary adhesion, thus embrittling the grain boundaries.

At elevated temperature (above ~ 1150°C), the ductility of a -Mo is greatly
increased, to the point that the distribution of this phase becomes secondary to the
volume fraction of ductile phase in the development of toughness. The initiation
toughness values for the two fine-grained alloys (ULTMAT and Middlemas) are
approximately the same as the much coarser-grained Kruzic alloy. In fact, the alloys
were able to plastically deform to such a degree that the underlying assumptions of
linear elastic behavior were no longer applicable. It is obvious that Mo-3Si-1B (wt.%)
alloys display excellent high temperature toughness, but the room temperature
toughness and oxidation resistance of these alloys can be improved.

The microstructure morphology which provides the best mechanical response
also provides the worst oxidation resistance. Some variety of pretreatment, be it Si pack
cementation, pre-oxidation in low oxygen partial pressures or physical deposition of a
silicate layer, will be required to limit the mass loss of these alloys in oxidative
environments. Laser re-melting of the surface to form a thin, fine-grained region
coating a coarse microstructure would also improve the oxidation resistance, but this
coating would not be as effective as a borosilicate coating, since mass would be lost by
the re-melted alloy as it formed a borosilicate coating in-situ during the initial exposure
to an oxidizing environment. Research studying the oxidation resistance of the more
damage tolerant morphologies once coated will need to be performed.

Segregation of Si and O to grain boundaries needs to be addressed if damage
tolerant Mo-5i-B alloys are to be manufactured on an industrial scale. The most
damage-tolerant alloys tested required a very complex processing route involving
vacuum annealing of arc-melted and ground Mo-Si-B powders, which produced
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material with very little Si in the grain boundaries. But, the complexity and processing
steps necessary to create this alloy limits the shapes that can be produced by this
method, as well as the quantities that can be manufactured. The mechanical alloying
and reaction synthesis methods described in Chapters 3 and 4 provide the path
forward, if the segregation of Si and O can be limited. However, the ultra-fine grain
sizes used so far are not practical and must be coarsened to create a useful structural
material.

One way to reduce the amount of Si segregation is to remove elemental Si as one
of the initial alloy constituents. Cochran, et al., in a soon-to-be-published work (J.K.
Cochran, W.L. Daloz, P.E. Marshall, JOM, 63 (2011) Submitted), studied the mechanical
behavior and oxidation response of Mo-Mo:B-2A1:05-5i02 and Mo-Mo2B-
SrO-ALOs:(SiO2): alloys. These alloys, which contain no elemental Si, displayed some
room temperature ductility, as well as high temperature oxidation resistance, though
both properties were not achieved in the same alloy. The most promising results were
found for the Mo-Mo2B-5rO-Al:0s:(SiOz2)2 alloys, but much work is required to optimize
this alloys. With further study, these alloys may well prove the most viable ultra-high
temperature intermetallic structural alloys.
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Appendix: Collected Toughness Values

F
Ch. 4 . Processing | a-Mo a-Mo Test racture
Ref Material Technique 1.0 hol Method Toughness,
. q vol.% | Morphology Ko, MPaVm
63 Mo-5.25i-0.7B Reaction 1.2 | Discontinuous 3PB 7.5
Hot-pressed
R ;
63 Mo-5.55i-1.4B eaction 45 | Discontinuous 3PB 6.6
Hot-pressed
63 Mo-5.85i-2.2B Reaction 84 | Discontinuous 3PB 52
Hot-pressed
Directional
64 Mo-3.45i-2.6B Solidification 28 Discontinuous 3PB 11
(5 mm/hr.)
. Hot-pressed . .
65 Mo-3Si-1.2B 50 Discontinuous 4PB 9.5
powder
65 Mo-548i-138 | HotPpressed | 0|y continuous 4PB 6.1
powder
Cast and 3PB,
. Annealed . .
16 Mo-4.25i-1.1B 38 Discontinuous | Chevron- 9.5
(1600°C/24
notched
hr.)
35 Mo-5.15i-1.4B Reaction 33 | Discontinuous 3PB 5.0
Hot-Pressed
Mo-1.1A1-4.3Si- Reaction
Di i PB .
35 11B Hot-Pressed 35 iscontinuous 3 5.8
35 Mo-2.8Al-4.151- Reaction 39 | Discontinuous 3PB 6.6
1.1B Hot-pressed
Cast and 3P,
) Annealed . .
18 Mo-4.25i-1.1B 42 Discontinuous | Chevron- 9.0
(1600°C/24
notched
hr.)
Cast and
3PB
Mo-4.2Si-1.1B- Annealed !
1 42 Di i h - 12.4
8 117r (1600°C/24 iscontinuous | Chevron
notched
hr.)
Cast and
3PB
Mo-4.2Si-1.1B- Annealed !
1 42 Di i h - 13.
8 177 (1600°C/24 iscontinuous | Chevron 3.5
notched
hr.)
Cast and
3PB
Mo-4.2Si-1.1B- Annealed !
1 42 Di i h - 12.
8 357 (1600°C/24 iscontinuous | Chevron 6
notched
hr.)
Cast and 3PB,
66 Mo-4.25i-1.1B-0.9Ti Annealed 42 Discontinuous | Chevron- 10.0
(1600°C/24 notched
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hr.)

2 Mo-4.25i-1.1B Arc-cast 38 Discontinuous DZ(S:"((I;) 7.2
2 Mo-4.25i-1.1B Arc-cast 38 Discontinuous ngo(g) 7.8
. HIPped . . DC(T)
2 Mo-6.15i-1.2B Powder 21 Discontinuous 25°C 4.1
. HIPped . . DC(T)
2 Mo-6.15i-1.2B Powder 21 Discontinuous 1300°C 8.1
HIPped
Powder
DC(T
2 Mo-6.15i-1.2B (Mo & Mo- 21 Discontinuous 250( C) 5.7
20Si-10B
(at.%))
HIPped
Powder
DC(T
2 Mo-6.1S5i-1.2B (Mo & Mo- 21 Discontinuous 1 3550(): 7.5
20Si-10B
(at.%))
HIPped
Powder
2 Mo-6.15i-1.2B (Mo & Mo- 21 Discontinuous 123(()?()2 7.7%
20Si-10B
(at.%))
Mo-12.1Nb-4.2Si- . . DC(T)
2 11B Arc cast 38 Discontinuous 25°C 6.3
Mo-12.1Nb-4.2Si- . . DC(T) )
2 11B Arc cast 38 Discontinuous 25°C 6.7
. . . DC(T)
2 Mo-4.25i-1.1B Arc Cast 38 Discontinuous 1300°C 9.7
, - DC(T) :
2 Mo-4.25i-1.1B Arc Cast 38 Discontinuous 1300°C 11.7
Pl 4PB,
67 Mo-16.25i-1.6B S ism: q of N/A Chevron- 41
pray notched
Vacuum 3PB,
17 Mo-7.65i-1.5B" Annealed 30 Continuous Chevron- 14
Powder notched
Hot-pressed .
65 Not Reported 78 Continuous 4PB 13.4
powder
3PB,
16 Mo-428i-11B | [otpressed | g Continuous | Chevron- 14.8
powder
notched
PREP
11 Mo-25i-1B powder, 62 | Continuous | 3PB,25°C 8
isothermal
forged
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PREP

powder,
11 Mo-2Si-1B annealed 62 Continuous 3PB, 25°C 9
(1600°C/48
hr.)
PREP
11 Mo-25i-1B _powder, 62 Continuous | 3PB, 600°C 13
isothermal
forged
PREP
. powder, . 3PB,
11 Mo-2Si-1B 62 Cont 18
oot isothermal ontuous 1200°C
forged
PREP
i powder, . 3PB,
11 Mo-2Si-1B ‘sothermal 62 Continuous 1400°C 25
forged
Vacuum DC(T)
21 Mo-4.15i-1.6B Annealed 37.5 Continuous ! 8.0
25°C
Powder
Vacuum
21 Mo-4.15i-1.6B Annealed 37.5 Continuous DE(T), ~9
25°C
Powder
. Vacuum ' DC(T),
21 Mo-4.0Si-1.5B Annealed 37.5 Continuous 7.5
25°C
Powder
Vacuum DC(T)
21 Mo-4.0Si-1.5B Annealed 37.5 Continuous ! ~0#
25°C
Powder
V.
' acuum . DC(T),
21 Mo-4.0Si-1.5B Annealed 37.5 Continuous 12.6
1300°C
Powder
' Vacuum . DC(T),
21 Mo-4.0Si-1.5B Annealed 37.5 Continuous ~15¢#
1300°C
Powder
Vacuum DC(T)
21 Mo-5.55i-1.6B Annealed 18.3 Continuous ! 5.0
25°C
Powder
Vacuum DC(T)
21 Mo-5.55i-1.6B Annealed 18.3 Continuous ! ~8#
25°C
Powder
\Y%
' acuum . DC(T),
21 Mo-5.55i-1.6B Annealed 18.3 Continuous 8.3
1300°C
Powder
Vacuum
DC(T),
21 Mo-5.55i-1.6B Annealed 18.3 Continuous (1) ~9¢#
1300°C
Powder
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Vacuum
21 Mo-3.35i-1.3B Annealed 49.1 Continuous DE(T), 9.8
25°C
Powder
Vacuum
49.1 DC(T
21 Mo-3.35i-1.3B Annealed ? Continuous (D), 35 (23)t
1300°C
Powder
Vacuum DC(T)
21 Mo-2.25i-1.0B Annealed ~50 Continuous ! 12.0
25°C
Powder

* The material tested by Schneibel, et al.'” had an initial powder composition of Mo-20S5i-10B (at.%).
During processing, Si was removed from the powder particles surface by vacuum annealing. No
composition after vacuum annealing was reported by the authors.

t The plasma-sprayed Mo-5i-B alloy tested by Okumus, et al.” did not contain any a-Mo. It was
composed instead of MosSis, MoB and MoSiz.

tThe toughness value reported by Kruzic, et al.?! for their alloy was an overestimate as it was based on a
“rule of mixtures” calculation using the room temperature elastic modulus values. Moreover, the authors
assumed a dn of unity in Eq. 4.1, corresponding to plane stress loading of a perfectly plastic material,
whereas a more accurate value for their material is 0.586. Accordingly, we have recalculated their
toughness values here (in parenthesis).

* Steady-state or maximum reported toughness after stable crack growth.
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